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Abstract

This study aims to fabricate and optimize BCC-based high-entropy hydrogen storage alloys
through mechanical alloying. The research systematically investigates the effects of processing
parameters (including milling time, ball-to-powder ratio, rotation speed, and process control
agent (PCA) addition), alloy composition, and heat treatment on the phase structure,
thermodynamic stability, and hydrogen storage performance of the fabricated alloys.
Furthermore, the study compares the microstructure and hydrogen storage properties of alloys

fabricated by different methods (mechanical alloying and arc melting).

Firstly, the study optimizes the mechanical alloying parameters, revealing the critical roles of
milling time, ball-to-powder ratio, and rotation speed in forming BCC structures and
nanocrystalline grains in Ti-V-Cr-Mn-Fe alloys. The regulatory effects of PCA addition on
powder yield and particle size are also analyzed. Subsequently, the impact of composition on
hydrogen storage properties, including hydrogen absorption/desorption kinetics,
thermodynamic behavior, and cycling stability, are explored by varying the Ti content and
Mn/Cr ratios. It is found that increasing Ti content enhances the proportion of C14 Laves
phases, while increasing Mn content effectively suppresses Laves phase formation, thereby

increasing the BCC phase fraction and improving hydrogen storage kinetics.

Additionally, the role of heat treatment is examined. Microstructural evolution analysis reveals
the phase transformation behavior among BCC, FCC, and Laves phases under different heat
treatment conditions and their effects on hydrogen storage capacity. Specifically, as the
temperature increases, the BCC structure first decomposes into a BCC + FCC dual-phase
structure, followed by the precipitation of the Laves-2 phase within the FCC phase. After high-
temperature treatment, the lattice constant of the BCC phase decreases, and the synergistic
effect of the Laves and FCC phases results in a slight reduction in the hydrogen absorption and
desorption capacity of the alloy. Finally, by comparing different fabricating process, the
differences in microstructure and hydrogen storage performance of TizsV3s(CrMnFe)so alloys

prepared by these methods are investigated. The results suggested that Mechanical alloying
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significantly enhances initial the activation performance and hydrogen absorption kinetics of

the as-milled alloys are improved compared to the counterparts of as-cast alloys.
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1. Introduction

The global warming crisis has become the most significant issue affecting human survival [1-
3]. Coal, oil, natural gas, and other fossil fuels are on the brink of depletion. It is imperative to
develop clean, renewable, and non-polluting energy sources [4, 5]. Hydrogen, the most
abundant energy source in nature, holds promise as the ideal new energy source of the 21st
century [6-8]. However, ensuring the safe and efficient storage and transportation of hydrogen
is a key challenge in advancing hydrogen energy applications. The primary forms of hydrogen
storage include liquid hydrogen storage [9, 10], compressed hydrogen storage [11, 12], and
hydrogen storage alloys [13-16], with hydrogen storage alloys emerging as a research hotspot
in the field of hydrogen storage due to their high hydrogen storage density and small volume
[17, 18]. The development of multi-component hydrogen storage alloys has emerged as a
mainstream approach, primarily due to the greater compositional design flexibility offered by
multi-component alloys compared to traditional binary alloys, which are limited by
adjustments through microalloying [19-22]. Serving as a representative of multi-component
alloys, high-entropy alloys not only possess significant compositional design space but also
exhibit lattice distortions arising from differences in the sizes of constituent elements, which
may provide additional storage sites for hydrogen atoms [23-26]. Therefore, high-entropy
hydrogen storage alloys are poised to become the most promising hydrogen storage alloys in

the future.

High entropy alloys (HEAs), also known as multi principal element alloys (MPEAs), were first
introduced by Yeh et al. [18] in 2004. Unlike traditional alloys, they typically consist of five or
more elements, each comprising between 5 at% and 35 at%. The mixture of multiple principal
elements increases the configurational entropy, favoring the formation of a disordered single
phase solid solution [27]. As an emerging class of alloys, high-entropy alloys (HEAs) have

attracted increasing attention from the materials science community due to their unique



physical, chemical, and mechanical properties, particularly in the field of hydrogen storage
[28]. High-entropy alloy hydrogen storage materials mainly include BCC base solid solution
and Laves base solid solution. Sahlberg et al. [23] first discovered the hydrogen storage
capacity of TiVZrNbHf high-entropy alloys, and found that the TiVZrNbHf equimolar alloy
exists in a single phase BCC structure. The alloy absorbs 2.7 wt% H; at 300 °C, reaching H/M
= 2.5, it is higher than traditional V (BCC) -based hydrogen storage alloys (H/M=2) [19, 29].
The lattice transformation from BCC — body-centered tetragonal (BCT) — FCC during
hydrogenation of this alloy is the same as the typical lattice transformation behavior of
conventional V-based alloys [14, 17, 30]. On the other hand, due to the large atomic radius
different of the alloy (6 = 6.82%), it is favorable for hydrogen to occupy the octahedral
interstitial sites, which may be the driving force for opening new interstitial sites for hydrogen.
The Laves phase high entropy alloy system is another widely studied high-entropy hydrogen
storage alloy, and the maximum hydrogen storage capacity (1.8 wt%) of the alloy is similar to
traditional AB; type (TiCrz [31], ZrMn; [32]) hydrogen storage alloy. Compared with BCC
high entropy alloy, Laves high entropy alloys have better hydrogen storage kinetics
performance [33], easier activation [34] and longer cycle life [35]. However, due to the more
complex and densely packed crystal structure of Laves phases compared to BCC structures,

they exhibit lower hydrogen storage capacity [32, 36].

Currently, the fabrication of hydrogen storage alloys primarily relies on melting processes,
where various metal elements are combined at high temperatures to produce the desired alloy
[28, 37-40]. However, studies exploring the effects of different preparation methods on the
microstructure and performance of hydrogen storage alloys remain limited, especially
regarding mechanical alloying (ball milling) [28, 40]. Mechanical alloying, as a solid-state
powder metallurgy technique [41], offers several distinct advantages: it enables uniform mixing
of multiple elements at relatively low temperatures [42, 43], thereby minimizing issues like
elemental evaporation and compositional segregation typically encountered in high-

temperature melting processes [44]. Furthermore, by adjusting ball milling parameters, the



technique allows for control over particle size, phase composition, and microstructure, and it
can produce nanocrystalline or amorphous materials [45, 46], opening new possibilities for
enhancing hydrogen storage performance. HEAs have garnered significant attention in the field
of hydrogen storage due to their unique structures and exceptional properties. However, current
research has primarily focused on their hydrogen storage capacity, while systematic studies on
the microstructural evolution during hydrogenation, alloy composition optimization, and the
effects of different processing conditions on phase stability and transformation mechanisms
remain insufficient. Therefore, in this research, mechanical alloying is employed to fabricate
high-entropy hydrogen storage alloy samples, with a focus on systematically investigating the
effects of ball milling parameters on the alloy's phase composition and microstructure.
Additionally, the hydrogen storage performance of mechanically alloyed samples subjected to
various heat treatments is extensively examined. To broaden the understanding, a comparative
analysis between mechanically alloyed samples and arc-melting is conducted. This research
aims to provide new insights for optimizing hydrogen storage alloy fabrication techniques and

enhancing their hydrogen storage performance.



2. Literature Review

The structural characteristics and fabrication methods of hydrogen storage alloys significantly
influence their hydrogen absorption/desorption performance. To thoroughly investigate the
hydrogen storage performance of high-entropy alloys (HEAs) and other hydrogen storage
materials, this chapter first systematically reviews the fundamental principles, thermodynamic,
and kinetic characteristics of hydrogen storage process. By summarizing various alloy types,
including ABs, AB2, AB, A;B, and BCC solid solutions, a foundational understanding of the
potential applications of different hydrogen storage alloys is established. Additionally, the key
factors affecting hydrogen storage performance, such as phase composition, lattice constants,
and lattice distortion, are examined to further elucidate how the microstructure of materials

influences hydrogen absorption/desorption behavior.

Moreover, this chapter provides an in-depth analysis of the unique characteristics and design
principles of HEAs, with a particular focus on their advantages in hydrogen storage
applications. Finally, the chapter discusses the primary fabrication methods for HEAs,
including vacuum arc melting, vacuum induction melting, selective laser melting, and
mechanical ball milling. This literature review provides theoretical support and reference for
the subsequent experimental design and materials characterization, contributing to a more
comprehensive understanding of the hydrogen absorption/desorption mechanisms and

optimization pathways for HEAs and other hydrogen storage materials.

Partial contents in this chapter have been published in journal:

Y.T Zhai, Y. M. Li, S. H. Wei, L. Tolj, J. Kennedy, F. Yang, Progress in V-BCC Based Solid
Solution Hydrogen Storage Alloys, Journal of Energy Storage, Volume 109, 2025, 115103.
https://doi.org/10.1016/].est.2024.115103.
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2.1 Principle of hydrogen absorption/desorption

In the periodic table, nearly all A-side metal elements can react with hydrogen to form hydrides.
However, not all hydrides are suitable for hydrogen storage. Only hydrides that can absorb and
desorb significant amounts of hydrogen under mild conditions can be used as hydrogen storage
materials [47, 48]. Figure 2.1 illustrates the schematic process of hydrogen absorption and
desorption in alloys. Taking the hydrogen absorption process as an example, it involves the
following steps: (1) Surface/interface control stage (surface activation stage), hydrogen
molecules dissociate into hydrogen atoms, which are adsorbed onto the alloy surface [49]; (2)
Nucleation and growth of initial hydrides, this step is accompanied by lattice expansion as the
hydride forms [50]; (3) hydrogen atom diffusion, hydrogen atoms diffuse into the alloy until
the maximum hydrogen capacity is reached [51]. Beyond this point, even if the external
hydrogen pressure continues to increase, the hydride concentration (wt%) remains largely
unchanged, marking the end of the absorption process. Upon reducing the external hydrogen
pressure or increasing the temperature, the metal hydride gradually decomposes. Hydrogen
atoms diffuse to the surface, recombine into hydrogen molecules, and are released from the
alloy[52]. Overall, the hydrogen absorption/desorption process in hydrogen storage alloys is

reversible.
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Fig. 2.1. Schematic model of hydrogen absorption/desorption processing of hydrogen

.

storage alloys



2.2 Thermodynamics of hydrogen absorption/desorption

The study of the thermodynamic properties of hydrogen storage alloys primarily focuses on
the enthalpy of formation (A H) of metal hydrides. As seen from Fig 2.1, the hydrogen
absorption/desorption process involves both exothermic and endothermic reactions.
Specifically, the forward reaction (hydrogenation) is exothermic, whereas the reverse reaction
(dehydrogenation) is endothermic. By examining the relationship between Gibbs free energy

and other thermodynamic parameters, the following expression can be derived [53-55]:
AG=AH-T=*AS 2-1)
AG=-Rx=T=InkK, 2-2)

Through the integration of formula (2-1) and formula (2-2), the following formula can be

obtained:

AH  AS
NPy, = ——— 2-3)

In the formula, A His the enthalpy of formation of the metal hydride; A S is the entropy; R

(8.314J/(mol-K)) is the gas constant; Pg, is hydrogen pressure; T is temperature in Kelvin

(K). Using formula (2-8), the relationship between InPy, and % is Van’t Hoff curve (Fig.2.2).
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Fig. 2.2 Pressure—concentration—temperature (PCT) plot and a Van’t Hoff curve [56]

Thermodynamic parameters provide insight into the ease with which an alloy absorbs and
desorbs hydrogen. A higher enthalpy of formation (AH) indicates greater stability of the metal
hydride, making the hydrogenation reaction more difficult. Conversely, a lower enthalpy of
formation corresponds to reduced thermal stability of the metal hydride, resulting in improved
hydrogen absorption and desorption performance of the hydrogen storage alloy. The entropy
of formation (AS) reflects the stability of the metal hydride system, while Gibbs free energy
(AG) indicates the spontaneity of the hydrogen absorption/desorption reaction in the hydrogen

storage alloy.

In the quantitative study of the thermodynamic properties of hydrogen storage materials, PCT
curves at different temperatures are used to establish a logarithmic relationship between
equilibrium hydrogen pressure and temperature (the relationship between and 1/T). This
relationship should result in a straight line, as shown on the right side of Fig 2.2. From this
relationship, the slope and intercept of the line can be obtained, allowing for the calculation of
the thermodynamic parameters for the hydrogen absorption process (AGa, AHa, AS,) and for
the desorption process (AGa, AHa ASq). Additionally, this curve provides a direct and intuitive

reflection of the properties of the hydride. The magnitude of the enthalpy of formation is
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directly related to the plateau pressure in the PCT curves for hydrogen absorption and
desorption: a larger enthalpy of formation corresponds to a higher plateau pressure, which
favors hydrogen desorption but hinders absorption. Conversely, a smaller enthalpy of formation

leads to a lower plateau pressure, facilitating hydrogen absorption but hindering desorption.



2.3 Kinetics of hydrogen absorption/desorption

The hydrogen absorption/desorption kinetics of hydrogen storage materials is a key physical
quantity that measures the rate of hydrogen absorption and desorption, making it an important
indicator for assessing the practical application potential of these materials. The hydrogen
absorption reaction in alloys is essentially a chemical reaction between a solid phase and a gas
phase, which can be divided into three main stages (as mentioned in Section 2.1). Studies on
the kinetics of hydrogen storage materials often focus on how factors such as material
composition [57], preparation methods [58], and the addition of catalysts [59] influence the
rate of hydrogenation and dehydrogenation reactions. However, the kinetic performance of
hydrogen storage alloys is influenced not only by the phase composition and intrinsic (lattice
constant, electronegativity etc.) feature of the alloy but also by external factors such as
hydrogen pressure, ambient temperature, and particle size. Generally, a higher instantaneous
pressure, higher ambient temperature, and smaller particle size lead to faster hydrogen
absorption and desorption rates [60]. However, these factors also interact with each other. For
example, during the hydrogen absorption process, excessively high temperatures can increase
the absorption plateau pressure of the alloy, reducing the difference between the ambient
pressure and the plateau pressure. This decrease in pressure differential reduces the driving
force for hydrogen absorption, ultimately slowing down the absorption rate [61]. The kinetic
models of hydrogen storage materials during the hydrogen absorption/desorption process can
be categorized into several types, as summarized in Table 2-1. Different models can be selected
to analyze the kinetic mechanisms of hydrogen absorption and desorption based on the specific

characteristics of each material.



Table 2.1 The solid—gas reaction models for the hydrogen absorption/ desorption in the

hydrogen storage alloy [62-65]

Reaction models Formulas
Chemisorption (surface reaction) —In(1—a)=kt
Johnson-Mehl-Avrami (nucleation and growth) a=1-—expk(—kt)"

1-(1-a)V? =kt
Contracting Volume (geometrical contraction)
1-(1-a)V3 =kt

2a 1
Ginstiling-Brounshtein (geometrical contraction) 1-— (?) —(1-—a)3 =kt

PS: t =time; a = reaction fraction; k is the reaction rate constant; 1 is the Avrami exponent.

For most hydrogen storage materials, the hydrogen absorption and desorption processes are
most commonly and widely described using the nucleation and growth kinetic mechanism,
known as the JMAK model, which is also the most recognized model in this field. The
following section provides a detailed explanation of the principles of this model and its specific

application. The specific expression of the JMAK model is as follows:

a=1—expk(—kt)" 2-4)

Taking the logarithm of both sides’ yields:

In[—In (1 - a)] =nink + nint (2-5)

Where k is the rate constant of the hydrogenation/dehydrogenation reaction, & represents the
fraction of hydrogen absorbed by the material at time ¢, and 1 defines the Avrami exponent
of the model. From equation (2-5), a linear relationship between In[—In (1 — a)] and Int
can be established. The slope of this line gives the value of 7, while the intercept can be used

to calculate the rate constant k. It is well known that hydrogen storage materials must overcome

10



a certain energy barrier for hydrogenation/dehydrogenation to occur. This energy barrier,
known as the activation energy (E.), can be determined using the Arrhenius equation (equation

2-6) [66]:
k = Ae~Fe/RT (2-6)

Taking the logarithm of equation (2-7) gives:
Ink=-2% 4 InA 2-7
nk=-_-+In 2-7)

It is clear that Ink has a linear relationship with 1/T, with a slope of E,/R. By calculating
the rate constant k at different temperatures using equation (2-5), and plotting the Ink versus
I/T curve using equation (2-7), a linear fit can be performed to determine the activation energy
E,. The E, is an explanation of the changes in the kinetic behavior of hydrogen

absorption/desorption mechanisms from the perspective of activation energy.

2.3 Classification of hydrogen storage alloys

Hydrogen storage alloys, particularly those based on intermetallic compounds, are effective,
safe, and efficient materials for hydrogen storage. To date, the main types of hydrogen storage
alloys that have been developed and studied include: ABs type (rare earth hydrogen storage
alloys), AB: type (Laves phase hydrogen storage alloys), AB type (titanium-based hydrogen
storage alloys), A2B type (magnesium-based hydrogen storage alloys), AB> type (with Laves

structure), solid solution alloys (with BCC structure), and high-entropy alloys.
2.3.1 AB:s type (rare earth hydrogen storage alloys)

In ABs type rare earth hydrogen storage alloys, A elements typically refers to rare earth
elements [67-70], while B elements denotes transition metals [71-73]. LaNis, a well-known

typical example of this alloy type, features a CaCus type crystal structure with six tetrahedral
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sites and belongs to the space group P6/mmm. It was first discovered by the Dutch Philips
laboratory. The theoretical hydrogen storage capacity of LaNis is 1.4 wt%, and the enthalpy of
hydride decomposition is 30 kJ/mol H> [74].

) La
® N

c=3987A

— T s017A

Fig. 2.3 The crystal structure of LaNis with the hexagonal CaCus structure [70]

LaNis exhibits an easy activation process, moderate hydrogen absorption/desorption plateau
pressure, and low hysteresis during hydrogen absorption/desorption [70, 74]. However, the
alloy is prone to pulverization due to significant lattice expansion (23 vol%) after hydrogen
absorption, caused by its small lattice gaps [74]. To improve hydrogen absorption/desorption
capacity and resistance to pulverization, researchers often substitute elements on the A and B
sites. For example, Liu et al. [67] fabricated a series of LaNisxAlx (x = 0, 0.25, 0.5, 0.75, 1)
hydrogen storage alloys via arc melting and investigated the effect of substituting Ni with Al
on hydrogen storage performance. The results showed that as the Al content increased, the
stability of the metal hydride improved and the plateau pressure decreased due to the expansion
of the unit cell (lattice constant). However, the substitution of Al for Ni reduced the number of
available interstitial sites in LaNis.xAly, leading to a decrease in the maximum hydrogen storage
capacity. Additionally, due to the high cost of La, some researchers have substituted pure La
with Ce or La (Mm) mixed rare earth elements to reduce alloy costs. Studies have demonstrated
that mixed rare earth (Mm) hydrogen storage alloys exhibit hydrogen storage properties

comparable to those of LaNis [75-79].
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2.3.2 AB:; type (Laves structure hydrogen storage alloys)

AB:> type hydrogen storage alloys possess a Laves structure (with seven tetrahedral sites),
which in most conditions exist in two forms: the hexagonal close-packed C14 structure and the
face-centered cubic C15 structure show in Fig 2.4 [80, 81]. The A site is typically occupied by
elements with relatively large atomic radii, such as Ti [82] and Zr [83], while the B site consists
of smaller transition metals like Mn, Ni, and Cr. The atomic radius ratio between A and B
elements (ra/rg) generally falls between 1.1 and 1.6 [84]. In 1966, Pebler et al. [85] were the
first to investigate binary Zr-based Laves-phase alloys as potential hydrogen storage materials.
AB: type hydrogen storage alloys that have shown promise for practical applications include
TiCr> [31, 86], TiMn, [87], ZrCr2 [83], and ZrMn; [32], among others. These alloys are
characterized by high hydrogen storage capacities (1.8 wt% to 2.4 wt%), ease of activation,
and favorable kinetic properties. However, the hydrides formed by these alloys are often overly
stable, making hydrogen release difficult. The researchers began to modify binary Laves
structure alloys by substituting multiple elements on both the A and B sites to tailor the
properties of the alloys [88-90]. Liu et al. [91] explored the effects of replacing Mn with Cr, V,
Cu, Ni, and Fe in Ti-Zr-Mn-V-Cr-based alloys. The study found that Cr reduced hydrogen
absorption hysteresis, V lowered the plateau pressure without compromising hydrogen storage
capacity, and Cu decreased the slope of the plateau pressure. These findings demonstrate that
multi-element alloying is an important and effective strategy for improving the hydrogen

storage performance of AB> type alloys.
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Fig. 2.4 Different tetrahedral interstitial sites in C14 (hexagonal) and C15 (cubic) Laves

structure [81]
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2.3.3 AB type (titanium based hydrogen storage alloys)

AB type (titanium based) hydrogen storage alloys primarily include TiFe [92], TiCo [93], TiNi
[94], and multi-element alloys in which other elements partially substitute the A or B site. The
most representative AB type hydrogen storage alloy is TiFe, which was first discovered by
Reilly and Wiswall at Brookhaven National Laboratory in 1973 [95]. TiFe crystallizes in a
CsCl type cubic structure (space group Pm-3m), where hydrogen atoms are stored exclusively
in the octahedral sites formed by four titanium (Ti) atoms and two iron (Fe) atoms (show in Fig
2.5). Upon hydrogenation, the Pressure-Composition-Temperature (PCT) curves exhibit two
distinct plateau pressures, corresponding to the successive formation of the monohydride -
TiFeH (orthorhombic, space group P2221) and the dihydride y-TiFeH: (orthorhombic, space
group Cmmm) [92, 96, 97]. TiFe alloys offer several advantages, including abundant raw
material availability, low cost, high hydrogen storage capacity (1.86 wt%), and moderate
hydrogen absorption plateau pressure. However, the alloy faces challenges such as difficult
activation and poor resistance to impurity gases. To address these limitations, extensive
research has been conducted. Studies have shown that partially substituting Ti or Fe with metals
such as Ni [94, 98], Zr [96, 99], Nb [97, 100], Co [93, 97] and Mn [101, 102] can significantly

improve the alloy’s activation properties and resistance to impurity gases.

/l— b 4 (a)
X

Fig. 2.5 The crystal structure of TiFe with the CsCl type structure: (a) before

hydrogenation; (b) monohydride B-TiFeH; (c) dihydride y-TiFeH2 [103]
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2.3.4 A;B type (magnesium based hydrogen storage alloy)

AsB type Mg based hydrogen storage alloys are regarded as highly promising for high-capacity
hydrogen storage, particularly in applications such as fuel cells and hydrogen-powered vehicles
[104]. Magnesium based hydrogen storage materials (MgH») have garnered significant
attention due to their high gravimetric hydrogen density (7.6 wt%), excellent reversibility,
natural abundance, and low cost [105]. However, the development of MgH> has been hindered
by challenges related to its unsatisfactory thermodynamic stability and slow kinetics.
Specifically, the dehydrogenation enthalpy (75 kJ/mol H>) and entropy (135 J/mol H>) of MgH>
are high, primarily due to the stable Mg-H bond [105], making it difficult to fully release
hydrogen at temperatures below 623 K. Moreover, the dehydrogenation activation energy (Ea)
of MgH> is as high as 156 kJ/mol H2 [106]. As a result, current research is focused on improving
the kinetic and thermodynamic properties of MgH». Studies have shown that alloying with
other elements can significantly enhance the hydrogen storage characteristics of magnesium
[54, 107-109]. One typical example is MgzNi in magnesium-based alloys, which reacts with
H:> to form Mg>NiH4 (3.6 wt%). MgaNiHg not only exhibits a lower formation enthalpy (64.5
kJ/mol H») but can also release hydrogen completely at 523 K, a temperature significantly

lower than that required for MgH> [110].

2.3.5 BCC solid solution (V-based) hydrogen storage alloys

A solid solution alloy refers to a solid phase in which one or more solute elements are dissolved
into a solvent matrix element. The most representative body-centered cubic (BCC) solid
solution hydrogen storage alloy is the vanadium-based alloys. Vanadium crystallizes in the
space group Im-3m with a BCC structure and a lattice constant of a = 3.028 A. When pure
vanadium absorbs hydrogen, hydrogen atoms initially occupy the tetrahedral interstitial sites.
Since the BCC phase contains 12 tetrahedral interstitials, the theoretical hydrogen storage
capacity of this type of solid solution is relatively high (3.8 wt%) [111]. During the initial

hydrogen absorption by vanadium, a hydrogen-containing solid solution phase (o phase) with
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a deformed BCC structure is formed, where H atoms mainly occupy the tetrahedral sites.
Subsequently, the monohydride VH (B phase) with a body-centered tetragonal structure (BCT)
is formed, with H atoms gradually filling more tetrahedral sites, leading to lattice expansion
and deformation. Finally, the dihydride VH> (y phase) with a face-centered cubic structure
(FCC) is formed, and H atoms tend to preferentially occupy octahedral sites due to relative
larger volume compared to BCC structure [48, 112]. However, due to the low plateau pressure
of VH, the hydride formed is too stable, making hydrogen release difficult [48]. To optimize
the hydrogen storage properties, additional elements are introduced to form ternary (Ti-
Cr/Mn/Fe/Ni-V) [29, 113-117] or quaternary (Ti-Fe/Mn/Zr-Cr-V) [36, 118-121] alloy systems.
Yan et al. [20, 118] studied the structure and hydrogen storage properties of Vx—(Ti—Cr—
Fe)100—x (Ti/(Cr+Fe) = 1.0, Cr/Fe = 2.5, x =20-55). Their research revealed that, as the lattice
parameter increases, the hydrogen absorption and desorption capacities improve, reaching a

maximum capacity (Cab = 3.4 Wt%, Cae = 1.8 wWt%) when a = 3.03 A.
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Fig. 2.6 (a) Schematic of PCT curve for vanadium; (b) The crystal structure of V-BCC solid

solution during hydrogenation processing [48, 122]

2.3.6 High-entropy hydrogen storage alloys

High entropy alloys (HEAs), also referred to as multi-principal element alloys (MPEAs), were
first introduced by Yeh et al. in 2004 [123]. Unlike conventional alloys, which are typically
composed of one or two principal elements, HEAs consist of five or more elements, each
contributing between 5 at% and 35 at%. These alloys lack a single dominant element and are
characterized by a random distribution of elements. The high configurational entropy resulting
from multiple principal elements promotes the formation of a disordered single-phase solid

solution [27]. As a novel class of materials, HEAs have garnered significant attention due to
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their unique physical, chemical, and mechanical properties, particularly in hydrogen storage
applications [28]. Sahlberg et al. [23] were the first to identify the hydrogen storage potential
of the TiVZrNbHf HEA, which possesses a body-centered cubic (BCC) structure and exhibits
a hydrogen-to-metal ratio (H/M) of 2.5. This H/M ratio surpasses that of traditional BCC-based
hydrogen storage alloys (H/M = 2), suggesting enhanced hydrogen storage potential,
potentially attributed to substantial lattice distortion, which enables both tetrahedral and
octahedral sites to accommodate hydrogen atoms. However, the alloy demonstrates a relatively
low hydrogen storage weight percentage (wt%). Zlotea et al. [122] explored the hydrogen
storage mechanism of the TiZrNbHfTa HEA, noting that the alloy undergoes a lattice
transformation from BCC to body-centered tetragonal (BCT) and eventually to face-centered
cubic (FCC), a behavior similar to that observed in conventional V-BCC hydrogen storage
alloys. With the continued development of BCC-based HEAs for hydrogen storage, a wider
range of compositions and properties are being investigated. Di Wan et al. [124] examined the
cycling performance of Ti2sV30Nbi1oCr3sxNix (x=2, 4, and 6) HEAs, finding that all samples
followed similar trends in cycle performance, with capacity decay rates decreasing as the
number of cycles increased, eventually stabilizing. After 110 cycles, the Ni6 sample retained
87.1% of its initial hydrogen storage capacity (1.81 wt%), demonstrating excellent cycling
stability. Additionally, Luo Long et al. [125] investigated the hydrogen storage performance of
V35Ti35Cr10Fe10M10 (M = Mn, Co, Sc, and Ni) HEAs, finding that all alloys could be
activated after a single hydrogen absorption/desorption cycle, a process significantly more

efficient than that observed in traditional V-BCC hydrogen storage alloys.
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Fig. 2.7 Isothermal hydrogen absorption curve for TiVZrNbHf at 299 °C and crystal

structure transformation during hydrogenation [23]

The Laves phase high entropy alloy (HEA) system is another extensively studied as a hydrogen
storage material [34, 35, 126], exhibiting a maximum hydrogen storage capacity of 1.8 wt%,
similar to traditional AB; type alloys, such as TiCrz [31] and TiMn2 [87]. In a study by Edalati
et al. [34], thermodynamic calculations were employed to develop a TiZrCrMnFeNi HEA,
which was found to reversibly store 1.7 wt% hydrogen at room temperature with rapid kinetics,
without requiring an activation process. This favorable behavior is likely attributed to a valence
electron concentration (VEC) of 6.4. Moreover, Yuan et al. [35] investigated the cyclic
hydrogen storage performance of a TiZrFeMnCrV HEA, which achieved a hydrogen storage
capacity of 1.8 wt% under 7 MPa pressure at 30 °C. After 50 cycles, the alloy retained a
reversible hydrogen storage capacity of 1.76 wt% and exhibited a fast hydrogenation rate,
demonstrating excellent cyclic stability. Compared to BCC HEAs, Laves phase HEAs offer
superior kinetic performance, including higher hydrogen absorption/desorption rates [33, 127],
easier activation [34]. However, due to their more complex and densely packed crystal
structures, Laves phase HEAs tend to have lower hydrogen storage capacities than BCC HEAs

[35, 48].
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Fig. 2.8 The crystal structure transformation during hydrogenation of TiZrNbCrFe C14

structure HEA
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2.4 Influence factors on hydrogen storage performance

2.4.1 Phase composition and morphology

A minor presence of a second phase can significantly enhance the activation process and
improve the hydrogen storage kinetics of alloys during hydrogen absorption and desorption
[118, 128, 129]. R.R. Chen et al. [39] systematically studied the microstructure and hydrogen
absorption/desorption properties of TiMn (100, TiMn=5/8) Vx (X = 25, 30, 35, 40, 45, and 50)
alloys. Their findings revealed that the proportion of BCC and Laves phases varies with V
content, with the BCC phase increasing as V content rises. The presence of the Laves phase
contributes to improved kinetics, as the brittle Laves phase surrounds the BCC matrix. During
hydrogen absorption, cracks form in the Laves phase due to lattice expansion and propagate
into the BCC phase, facilitating the diffusion of hydrogen atoms into the BCC matrix (Fig. 31).
However, the theoretical hydrogen storage capacity of the Laves phase (H/M~=1.4) is lower than
that of the BCC solid solution (H/M~2), so an excessive amount of Laves phase leads to a
marked reduction in the alloy’s hydrogen storage capacity [118, 129]. Composite hydrogen
storage materials, composed of materials with different kinetic behaviors, can effectively
enhance the activation properties of the alloy and mitigate the negative effects of air exposure

on hydrogen absorption/desorption performance, which is crucial for industrial applications

[57].
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Fig. 2.9 The schematic diagram of effect of phase proportion on hydrogen absorption

capacity of Ti-V-Mn alloys [39]
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Fig. 2.10 Schematically illustration of the evolving microstructure of Ti23xZrxV40Mn37
alloys: (a) x=2,4; (b) x=6, 8 and 10; The schematic diagram of effect of BCC phase size
on hydrogen diffusion of Ti-Zr-V-Mn alloys[130]

Chen et al. [130] investigated the effect of phase morphology on the hydrogen storage
properties of Ti10VssxFesZrx alloys, where x ranges from 1 to 8 at%. Their study revealed that
increasing the Zr content results in a reduction of the primary dendritic BCC phase and an
increase in the C14 Laves phase (as shown in Fig. 2.10 a and b). Notably, when the Zr content
exceeds 6 at%, a secondary blocky BCC phase emerges. In alloys with higher Zr content, the
small blocky BCC phases are completely surrounded by the C14 Laves phase, offering shorter
diffusion paths for hydrogen atoms from the interior to the exterior of the blocky BCC phase,
compared to the larger dendritic BCC phase. This morphology facilitates easier hydrogen
desorption with minimal pressure reduction. Conversely, in alloys with lower Zr contents (2
and 4 at%), only a limited amount of hydrogen desorbs from the dendritic BCC phase (as shown
in Fig. 2.10 c). Alloys with a higher proportion of the secondary blocky BCC phase exhibit
greater effective hydrogen storage capacity. The alloy composition Ti21Zr2V4oMn37 achieved
the highest effective hydrogen storage capacity of 1.85 wt% at 293 K. Furthermore, as Zr
content increases beyond 6 at%, two desorption plateaus appear, with the upper plateau

widening as Zr content increases, owing to faster hydrogen diffusion in the smaller secondary
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blocky BCC phases. However, increasing Zr content also amplifies hysteresis and raises the
plateau slope, which is attributed to the increase in interstitial strain energy and the alloy’s

affinity for hydrogen.

2.4.2 Lattice constants
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Fig 2.11 Dependence of cell volume and hydrogen desorption temperature of Ti-Zr-Hf-

Mo-Nb hydrides on the Mo concentration [131]

The influence of lattice constants on the stability of metal hydrides has been extensively studied
[20, 132]. A decrease in the primary lattice constant (BCC lattice) reduces the stability of metal
hydrides, resulting in an increase in plateau pressure. Conversely, as the stability of metal
hydrides increases, the plateau pressure decreases [133-135]. Huahai et al. [131] explored the
effect of Mo substitution for Nb on the hydrogen storage properties of Ti-Zr-Hf-Nb BCC solid
solution alloys. Their findings indicate that the thermal stability of metal hydrides decreases
with increasing Mo concentration, which is primarily attributed to the reduced bonding energy
between the alloy and hydrogen atoms due to the reduction in lattice constant. Moreover,
changes in lattice constants also influence the pulverization and cycle life of alloys during
hydrogen absorption/desorption cycles. During these cycles, the expansion and contraction of

the lattice cause relaxation in the crystal structure, leading to partial structural damage and a
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subsequent decline in cyclic hydrogen storage performance. An increase in the lattice constant
mitigates the volume expansion of the lattice during hydrogen absorption/desorption, thereby
stabilizing the crystal structure and slowing the degradation of cyclic capacity [61].

Liu et al. [61] investigated the hydrogen storage cycle stability, absorption/desorption plateau,
and degradation mechanisms of the LaNisxAlx (x =0, 0.25, 0.5) alloy system. Fig 2.12 (a)—(c)
presents the PCT isotherms of LaNisxAlx (x =0, 0.25, 0.5) alloys after 10, 100, 300, and 1000
cycles. As the Al content increases, the rise in the plateau pressure diminishes with an
increasing number of cycles, indicating that Al stabilizes the LaNis lattice structure. Notably,

the LaNi4 5Alo s alloy retains 98.2% of its hydrogen storage capacity even after 1000 cycles.
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Fig. 2.12 P-C-T curves of LaNisxAlx (x = 0, 0.25, 0.50) alloys after 10, 100, 300, and 1000

cycles at 343 K (a)—(c), and degradation rate with cycling (d) [61]
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2.4.3 Lattice distortion

Sahlberg et al. [23] investigated the hydrogenation behavior of the high entropy alloy (HEA)
TiVZrNbHf. The observed maximum hydrogen-to-metal (H/M) ratio of 2.5 indicates that
hydrogen occupies both tetrahedral sites and approximately 50% of the octahedral sites, a
phenomenon that is unique and has not been previously observed in pure transition metal
hydrides. These findings clearly demonstrate that the TiVZrNbH{f alloy exhibits behavior
distinct from that of typical transition metals. The formation of a distorted face-centered cubic
(FCC) or body-centered tetragonal (BCT) structure in the fully hydrogenated state is also
reminiscent of the structures found in rare-earth compounds. It is proposed that the remarkable
hydrogen storage capacity is a result of lattice strain in the distorted HEA, which promotes
hydrogen occupancy in both tetrahedral and octahedral sites. However, the observed H/M ratio
of 2.5 corresponds to only about 2.7 wt% hydrogen, primarily due to the high atomic mass of
Hf, Nb, and Zr. Higher hydrogen storage capacities (by weight percentage) could potentially

be achieved in other HEAs by substituting these heavier elements with lighter alternatives.
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2.5 High entropy alloys (HEAs)

High entropy alloys (HEAs) are characterized by four key features: (1) high entropy effect in
thermodynamics, which stabilizes single-phase solid solutions; (2) severe lattice distortion,
resulting from the significant atomic size differences among constituent elements; (3) sluggish

diffusion effect in kinetics;and (4) the "cocktail" effect.
2.5.1 Characteristics of high entropy alloys

2.5.1.1 High entropy effect

As implied by the name, high entropy alloys (HEAs) are primarily defined by their high entropy,
which is one of their core effects. This effect promotes the formation of solid solution phases,
simplifying the microstructure more than was previously anticipated. According to Gibbs'
phase rule, when the pressure of a system is constant, the relationship between the number of
phases and the number of elements in the alloy can be expressed by the following equation
[136]:

P=C+1-F 2-8)
where C represents the number of elements in the alloy, P is the number of phases formed,
and F is the degree of freedom of the system. Based on equation (2-8), with a constant
degree of freedom, the number of phases is expected to increase as the number of elements
increases. However, studies have shown that the actual number of phases formed in high
entropy alloys is significantly lower than what is predicted by Gibbs' phase rule [137-139].
Fig 2.13 presents the XRD pattern of the Cu-Ni-Al-Co-Cr-Fe-Si alloy system. It reveals that
as the number of elements increases, the alloy system predominantly forms a simple FCC
structure or a mixed solid solution structure of FCC and BCC phases. According to Gibbs'
phase rule, an alloy containing seven elements should theoretically form eight phases.
Moreover, given the highly negative formation enthalpy of Si with other metals, intermetallic

compounds would be expected. However, experimental results indicate that the alloy
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exhibits only FCC and BCC phases. This discrepancy is primarily attributed to the high
configurational entropy, which enhances mutual solubility among elements and inhibits the

formation of intermetallic compounds.
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Fig. 2.13 XRD patterns of Cu—-Ni—Al-Co—Cr-Fe-Si alloy series with increasing

number of incorporated principal elements [137]
2.5.1.2 Severe lattice distortion effect

The solid solution in high-entropy alloys is composed of multiple elements, with atoms from
each element randomly occupying lattice positions within the crystal structure [140, 141]. In
this solid solution, all atoms can be considered either solute or solvent atoms, and each atom
varies in size and character. These differences lead to significant lattice distortion (schematic
in Fig. 2.14). The severe lattice distortion causes atoms to deviate from their equilibrium

positions, resulting in increased potential energy and a rise in the system's overall free energy.
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Fig. 2.14 Schematic of the transition from pure metal BCC structure to five element

high-entropy alloys BCC structure

The significant lattice distortion in high-entropy alloys has a profound impact on their
mechanical, thermodynamic, electrical, and chemical properties. Most high-entropy alloys
exhibit high strength and hardness, primarily due to the large lattice distortions, which increase
internal stress and hinder dislocation movement [138]. Additionally, the elevated internal stress
enhances electron scattering, thereby increasing the electrical resistivity of the alloy. Similarly,
heat conduction in solid materials occurs through lattice vibrations (phonons) and free electrons.
Severe lattice distortion intensifies phonon and lattice scattering, which in turn reduces the

thermal conductivity of the material [137].

Fig. 2.15 Schematic diagram showing the severely distorted lattice and the various

interactions with dislocations, electrons, phonons, and x-ray beam [142]

Yeh et al. [137] investigated the unusual decrease in XRD diffraction peak intensity in the Cu-
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Ni-Al-Co-Cr-Fe-Si series of high-entropy alloys as the number of constituent elements
increased. As illustrated in Figure 2.16, this reduction in intensity is attributed to the presence
of atoms of varying sizes occupying the crystal lattice, which results in rough and uneven
diffracting crystal planes. Consequently, during Bragg diffraction, the X-rays are significantly

scattered, leading to a marked decrease in diffraction intensity.

Fig 2.16 Schematic illustration of intrinsic lattice distortion effect on Bragg diffraction:
(a) perfect lattice with the same atoms; (b) distorted lattice with solid-solution of
different-sized atoms which are expected to randomly distribute in the crystal lattice

according to a statistical average probability of occupancy [137]

2.5.1.3 Sluggish diffusion effect

Several studies have demonstrated that the self-diffusion coefficients of elements in
multicomponent alloys are lower by an order of magnitude compared to traditional alloys. Yeh
et al [143] validated this observation by designing three diffusion couple pairs Cr-Mn, Fe-Co,
and Fe-Ni. As shown in Fig. 2.17, the Q/T (activation energies) values for Cr, Mn, Fe, Co, and
Ni in the CrMnFeCoNi high-entropy alloy are the highest, indicating the smallest diffusion
coefficients. This suggests that atomic diffusion rates in high-entropy alloys (HEAs) are
significantly slower than in conventional alloys. The slower diffusion is primarily attributed to
the interaction between atoms of different sizes and the severe lattice distortion in HEAs, which

hinder effective atomic diffusion.
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Fig 2.17 Normalized activation energies of diffusion for Cr, Mn, Fe, Co and Ni in

different matrices [143]

Phase transformations typically require coordinated diffusion of the constituent elements to
reach phase equilibrium, and thus, the sluggish diffusion effect in HEAs can delay the
formation of new phases. From a kinetic perspective, in conventional alloys, the bonding
between solute and solvent atoms after vacancy filling remains the same as before. However,
in HEAs, diffusion primarily occurs through a vacancy mechanism [141-143]. Due to the
variation in melting points and bonding strengths between different atoms, more mobile atoms
tend to diffuse more easily into vacant positions. Nevertheless, the bonding strength between
atoms differs, affecting the diffusion process. Generally, atomic diffusion involves continuous
vacancy filling (as shown in Fig. 2.18). If the energy decreases after a vacancy is filled, further
atomic diffusion becomes difficult; if the energy increases, it becomes harder for atoms to

occupy the vacancies. Consequently, the diffusion rate and phase transformation rate in HEA
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solid solutions are significantly reduced [142].

Deep traps

Fig 2.18 Schematic diagram showing the fluctuation of lattice potential energy along the

diffusion path for an atom in the lattice (deep traps are indicated) [142]

2.5.1.4 “Cocktail” effect

The "cocktail effect" in multicomponent high-entropy alloys (HEAs) was first proposed by
Indian scientist Ranganathan [144]. This effect arises from the fundamental properties of the
constituent elements and their interactions, leading to a composite effect that influences the
overall performance of HEAs. Essentially, this effect considers how the multiple elements at
the atomic scale contribute to the macroscopic properties of the alloy, such as density, strength,
oxidation resistance, and corrosion resistance. Furthermore, depending on the composition and
processing methods, HEAs can form single-phase, dual-phase, or even multiphase structures.
The properties of the alloy are affected by a combination of factors, including grain morphology,
grain size, grain boundaries, phase boundaries, and the characteristics of each phase. Therefore,
the overall performance is not a simple sum of the individual phases and elements. The
"cocktail effect" emphasizes the emergent properties that go beyond what any individual
element could exhibit. In the as-cast AlxCoCeFeNi HEA, the phase structure transitions from
FCC to BCC as the Al content increases (show in Fig. 2.19). This results in a "cocktail effect"
where the alloy’s microhardness increases, particularly as the BCC phase content rises, leading

to a rapid increase in hardness [145].

30



500 4

00) -

1 FCC  Tragsition BCC

Hardness (Hv)

f

2004 {

i/
-
o i
L — -
x=045 x=0.88
T L3 14 L) T v T
000 025 050 075 100 125 1.50 1.75 200
Molar ratio of Al, x

100

Fig 2.19 Hardness of C-x vs. x plot with the schematic plot (dashed line) for determining

the boundaries of the transition region in C-x [145]
2.5.2 Design of high-entropy alloys

The design of high-entropy alloys should make the constituent elements obtain solid solutions
with similar contents in some way according to a certain proportion. The type of solid solution
is mostly face-centered cubic (FCC) [146], body-centered cubic (BCC) [147], hexagonal close
packed (HCP) [148] or a phase composed of them. During the fabrication of high-entropy
alloys, the volume fraction of the solid solution phase should be increased as much as possible.
Avoid the formation of intermetallic compounds, and non-metallic inclusions, and other

impurities.
2.5.2.1 Mixing enthalpy (AHmix) and atomic size difference ()

In the formula (2-9), A H{]'-‘ix is the mixing enthalpy of the binary liquid alloy composed of
the i-th element and the j-th element, and its value is calculated based on the Miedema
macroscopic model [149] of the binary liquid alloy. ¢; and ¢; are the atomic percentages of

the i-th element and the j-th element. For the alloys, the enthalpy of mixing can be positive or

negative. When the A H,,;,, > 0, it will cause dissolution gaps between the different liquid

phases and reduce the solid solubility of the alloy. In addition, phase separation or component
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segregation will be occurred, when the A H,,;, >0. When the A H,,;, <0, the bond force
between the elements is strong, which easily produce intermetallic compounds. In summary,
no matter whether A H,,;, is negative or positive, the formation of solid solution is inhibited,

but the high entropy effect in high-entropy alloys weakens this trend.
A Hypip = Y14 A H e (2-9)

In addition to the mixing enthalpy (A H,,i, ), the atomic size difference (8) of elements will
also affect the stability of the solid solution phase (2-10). A large difference in atomic size will
increase the degree of lattice distortion in the alloy, increasing the strain energy of the crystal,
which is not conducive to the stability of the solid solution phase. On the other hand, a large
atomic size difference (&) will cause slow diffusion between the components, which will reduce
the phase transition rate and form an amorphous phase. Only when the atomic size difference
of the alloy is within a certain range, the atoms of each element can replace each other to form

a disordered solid solution phase.

8=3r, (A —1;/T)? (2-10)

r= Z?:l C;Tr; (2-11)

Yong et al. [150] extended the "Hume-Rothery rules" to the study of high-entropy alloys
(HEAs). According to this extended rule, the formation of solid solutions in HEAs is primarily
influenced by the mixing enthalpy (A H,,;,) and atomic size difference (8). Through statistical
analysis and calculations, a relationship between the atomic size difference and mixing
enthalpy was established, as illustrated in Fig. 2.20 The figure demonstrates that for a solid
solution phase to form (represented by regions S and S'), the following conditions must be

satisfied: (1) & <6.5%, and (2) -15 kJ/mol < AHuix < 5 kJ/mol.
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Fig 2.20 Relationship between Delta (6) and AHmix for MHASs and typical

multicomponent bulk metallic glasses[150]

2.5.2.2 Q criterion and atomic size difference (0)

The 8 -A H,y;, criterion for solid solution phase formation takes into account atomic size
mismatch and thermodynamic stability but does not consider the influence of configurational
entropy (AS) on solid solution formation. To address this limitation, a new parameter (£2) has

been introduced (2-12), and its expression is as follows[27, 151]:

_ TmixASconf
2= | AH x| (2-12)
Tomix = Ziz1 Ci(Tm) @2-13)

In the formula, T,,;, is the melting point of the high-entropy alloy; (T,,); is the melting point
of the i-th element in the alloy; C; is the atomic percentage of the i-th element in the alloy. As
shown in Figure 2.21, the value of Q is positive, indicating the alloy's ability to form a solid
solution phase. £ = 1 can be considered a critical threshold for high-entropy alloys to form a

solid solution, where the influence of configurational entropy (AS) is equal to that of the mixing
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enthalpy (4Hmix). When Q > 1, the effect of configurational entropy on solid solution formation
surpasses that of the mixing enthalpy, making it easier for the alloy to form a solid solution
phase. Conversely, when Q < 1, the influence of configurational entropy is weaker than that of
mixing enthalpy, leading to the inhibition of solid solution nucleation and the preferential
formation of intermetallic compounds. Therefore, > 1 can be used as a criterion for predicting

the formation of a solid solution phase.
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Fig 2.21 Phase selection diagram of HEAs and BMGs based on € and 6 [27]
2.5.2.3 Valence electron concentration (VEC) criterion

When the atomic valence of each element is similar, the solid solubility between the elements
increases, leading to a more stable solid solution phase within the alloy. However, as the
electron concentration exceeds a certain threshold, the bonding between elements becomes
disordered, and the stability of the solid solution decreases. The valence electron concentration

(VEC) of high-entropy alloys can be calculated using the following formula [152]:

VEC = Y™, C;(VEC); (2-14)

34



In formula (2-14), C; is the atomic percentage of the i-th element, and (VEC); is the electron

valence concentration of the i-th element. The specific relationship is shown in Fig 2.22.
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Fig 2.22 The relationship between parameters é and VEC [152]

Sheng Guo et al. [153] investigated the correlation between valence electron concentration
(VEC) and the stability of FCC and BCC solid solutions in high-entropy alloys (show in Fig
2.23). Their findings indicate that when the VEC exceeds 8.6, the FCC solid solution phase is

more stable, whereas a VEC below 6.87 favors the stability of the BCC solid solution phase.
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2.6 Fabrication process of high-entropy alloy

High-entropy alloys (HEAs) are alloys with a high configurational entropy, composed of
multiple principal and supplementary elements. They typically exhibit a solid solution phase,
with the grain structure ranging from conventional (um) sizes [154-157] to nanocrystalline
[158-162], and in some cases, amorphous phases [163-166] may also be present. The melting
point, density, and atomic radius of the constituent elements can either be similar or vary
significantly. Based on current research and application experience, the preparation methods
for HEAs are largely similar to those used for conventional alloys, though there are certain
specificities. The preparation methods for high-entropy alloys are generally divided into two
categories: casting (melting) [167-169] and powder metallurgy (mechanical ball milling) [162,
170-172].

2.6.1 Vacuum arc melting

Arc melting is a metallurgical technique that utilizes electrical energy to generate an electric
arc between two electrodes or between an electrode and the material being processed. The arc
can be produced using either direct current (DC) or alternating current (AC). However, when
using AC, momentary zero-voltage conditions occur between the electrodes, which can easily
extinguish the arc in vacuum environments. Therefore, vacuum arc smelting typically employs
DC power. Currently, vacuum arc melting is the most commonly used method for preparing
high-entropy alloys [37, 173]. Nonetheless, due to the complexity of alloy compositions and
the significant differences in melting points among the constituent elements, high-entropy
alloys often experience elemental segregation during the solidification and cooling process.
Additionally, as-cast samples are prone to casting defects, necessitating further post-processing

treatments [38, 169, 174, 175].
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2.6.2 Vacuum induction melting

The principle of induction melting is based on electromagnetic induction. In this process, a
wire is wound into a coil and a current is applied, creating a magnetic field. The object placed
inside the coil generates an opposing current due to the electromagnetic effect, resulting in the
formation of eddy currents within the material. These currents heat the object internally as a
result of its own electrical resistance, gradually increasing the temperature to achieve the
smelting effect [176]. The heat generated through electromagnetic induction and electrothermal
conversion occurs inside the metal, which helps minimize the loss of volatile elements [177].
Additionally, the power adjustment is straightforward, and furnace temperature can be
precisely controlled, making it easy to carry out smelting in vacuum or controlled atmospheres
[178]. However, despite its many advantages, induction smelting also has certain drawbacks.
For instance, compared to other smelting methods, the equipment costs are higher, requiring

additional infrastructure such as power supplies and vacuum glove boxes. Furthermore, issues
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such as elemental segregation or uneven distribution within the melt can arise during the

process [179].
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Fig 2.25 Schematic of the refined vacuum induction melting process [180]

2.6.3 Selective laser melting

The Selective Laser Melting (SLM) process is an advanced additive manufacturing technique
that utilizes high-energy lasers to selectively melt metal powders layer by layer, thereby
building complex three-dimensional structures[181]. The primary steps include powder
deposition, laser scanning, and layer-by-layer accumulation until the final part is formed. This
technique offers a highly efficient approach for manufacturing geometrically intricate
structures and operates on principles similar to welding. During laser irradiation, metal
powders undergo melting and solidification through processes such as absorption, reflection,
radiation, and heat conduction. Due to the rapid movement of the laser beam and the molten
pool, cooling rates can reach 10* to 10° K/s [182]. Compared to traditional casting methods,
SLM does not significantly increase production costs in small batch manufacturing and
provides flexibility in producing complex shapes. However, it also faces challenges such as
high equipment costs, complex operational procedures, and the tendency to generate defects

like balling, porosity, and cracking during fabrication [183].
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Fig 2. 26 Selective laser melting process [184]

2.6.4 Mechanical ball milling

Mechanical alloying (MA) is a solid-state powder processing technique that involves repeated
welding, fracturing, and rewelding of powder particles in a high-energy ball mill to achieve
atomic-level alloying [170]. This complex process, driven by both physical and chemical
reactions, causes the powders to undergo extensive deformation, cold welding, and
fragmentation, enabling the mixing and alloying of elements at the atomic scale [41]. Initially
developed for the aerospace industry to produce oxide dispersion-strengthened (ODS) nickel-
based and iron-based superalloys, MA has since proven effective in synthesizing various
equilibrium and non-equilibrium alloy phases from mixed elemental or pre-alloyed powders

[185-187].

Rotating direction of mill
B — 3

Fig 2.27 Ball milling process and different stages in MA [44]

MA offers several advantages in the synthesis of high-melting-point alloys and intermetallic
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compounds. Firstly, it avoids the high-temperature melting and solidification processes
associated with conventional metallurgical methods, enabling alloy formation at room
temperature [42, 188]. Secondly, it produces uniform alloys with fine microstructures, often at
the nanoscale [45, 46]. Additionally, MA is relatively simple to operate and is well-suited for
both experimental and industrial applications. However, the process is not without challenges,
including the potential for contamination, impurity introduction, and extended processing times
[188]. Three main types of ball mills are commonly used for mechanical alloying: SPEX mills
[189], shaker rod mills [190], and planetary ball mills [191]. Among these, planetary ball mills

are the most widely used due to their efficiency and versatility [41, 46, 170].
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2.7 Research gaps and objectives

2.7.1 Research gaps

1. Research on the mechanical alloying fabrication of high-entropy hydrogen storage
alloys is still limited.

Through the above literature review, it can be observed that a significant amount of research
has focused on the fabrication of high-entropy hydrogen storage alloys using the melting
process, while studies on high-entropy hydrogen storage alloys prepared via ball milling remain

extremely limited. This indicates a notable research gap in this area.

2. Research on the effects of heat treatment processes on the performance of mechanically
alloyed high-entropy hydrogen storage alloys remains insufficient.

Currently, most studies focus on the hydrogen storage performance and phase structure
changes of alloys after fabrication (as-casting), while research on the effects of heat treatment
on the phase evolution and hydrogen storage performance of high-entropy hydrogen storage
alloys remain limited. In particular, studies on as-milled high-entropy hydrogen storage alloys

are almost nonexistent.

3. Research on the effects of B-side (non-hydrogen-affinitive) elements on the phase
structure and hydrogen storage performance of ball-milled high-entropy hydrogen
storage alloys remain limited.

The research on high-entropy hydrogen storage alloys focuses on the effects of A-group
elements, such as Ti, V, Zr, Nb, Ta, Hf, and Mg. However, studies on the effects of B-group
element addition and substitution on the phase structure and hydrogen storage properties

remain limited.

4. Research on the influence of different fabrication methods on the hydrogen storage

performance of HEAs remains limited.
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2.7.2 Research objectives

1. Investigation on fabrication of Ti-V-Cr-Mn-Fe HEAs via mechanical milling.

Through a systematic study, the effects of milling media, milling time, ball-to-powder ratio,
rotation speed, and process control agent on key factors such as phase structure, elemental
distribution, particle size, and powder yield were investigated, leading to the optimization of

the ball milling parameters for as-milled high-entropy alloys.

2. Investigating the effect of heat treatment on microstructural evolution and hydrogen
storage performance of as-milled Ti-V-Cr-Mn-Fe HEAs.
Investigate the effect of heat treatment on the microstructural stability and hydrogen storage

performance of as-milled HEAs.

3. Investigation of the varying Mn/Cr ratio on hydrogen ab/desorption behavior of the
mechanical alloyed Ti-V-Cr-Mn-Fe HEAs.

Building upon previous experimental research, the alloy composition (Cr/Mn ratio) was
systematically adjusted to investigate its effects on the hydrogen storage kinetics and

thermodynamic performance of as-milled HEAs.

4. Investigation of the influence of fabrication methods on the phase structure, thermal
stability, and hydrogen storage performance of Ti-V-Cr-Mn-Fe HEAs.

By comparing alloys fabricated via mechanical alloying and arc-melting, this study
systematically evaluates the differences in microstructure, lattice distortion, and hydrogen
storage performance between the two processing methods. Furthermore, the underlying
mechanisms influencing these variations are analyzed. Based on the experimental results,
proposed a potential reasons or hypotheses regarding the impact of different fabrication
methods on hydrogen storage performance, providing insights for further optimization of ball-

milled hydrogen storage materials.
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3. Research methodology

This chapter primarily presents the composition design, fabrication methods, microstructural
characterization techniques, thermodynamic testing methods, and hydrogen storage
performance evaluation using the Sieverts method. The detailed experimental workflow is

outlined below:

|

exploring ball mill process
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Fig 3.1 Schematic diagram of the whole research methodology design
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3.1 Raw materials (elements) and HEAs fabrication

3.1.1 Elements selection

The elements within the yellow-bordered region are classified as hydrogen-affinitive,

indicating their strong tendency to form stable bonds with hydrogen. These elements play a

crucial role in hydrogen storage materials due to their ability to absorb hydrogen efficiently

[192]. In contrast, the elements within the red-bordered region are considered non-hydrogen-

affinitive, meaning they exhibit minimal or no attraction to hydrogen atoms. Their inclusion in

alloys generally hinders hydrogen absorption [193]. The delineation of hydrogen-affinitive and

non-affinitive elements is essential for optimizing the composition and performance of

hydrogen storage alloys, as the balance between these two groups determines the material’s

overall hydrogen storage capacity and efficiency.
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[194]

Ti and V were selected as hydrogen-absorbing elements primarily due to their excellent

hydrogen affinity and compatibility during alloy formation. Firstly, both Ti and V exhibit
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significant hydrogen absorption capabilities, allowing them to form stable hydride structures.
Additionally, Ti and V have a high solid solubility, up to 80 wt% [195], which facilitates the
formation of a stable body-centered cubic (BCC) phase in the alloy. The BCC structure, known
for its unique crystal configuration, provides ample interstitial sites for hydrogen atoms,
making it one of the most promising structures for achieving high theoretical hydrogen storage
capacities [48]. This offers a substantial potential for maximizing the hydrogen storage capacity

in HEAs design.

The non-hydrogen-affinitive elements Cr, Mn, and Fe are incorporated into the alloy system
with the goal of optimizing its hydrogen desorption performance. Although these elements
exhibit low affinity for hydrogen, they play a crucial role in modulating the thermodynamic
stability of hydrides, thereby facilitating hydrogen release and enhancing the desorption rate of
the alloy. Moreover, Cr, Mn, and Fe exhibit broad compatibility with Ti and V in phase
diagrams, enabling the formation of stable body-centered cubic (BCC) structures across a wide
compositional range, with Laves phases acting as secondary phases. The presence of a small
amount of Laves phase can significantly improve the activation and kinetics properties of
hydrogen absorption/desorption process. Therefore, through the careful design of hydrogen-
affinitive and non-hydrogen-affinitive elements, it is possible not only to maintain the alloy's
high hydrogen storage capacity but also to significantly enhance the kinetic and
thermodynamic properties of hydrogen absorption and desorption. The specific parameters of

the materials used in the experiment are as follows:
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Table 3.1 Physical characteristics of raw elemental powders

Elements Purity (wt%) Powder sizes (um) Company
Chengdu Jinchun Metallic
\% >99.5 <75
Materials Co, LTD, China
Good Fellow Cambridge
Ti >99.4 <75
Limited, England
Sigma Aldrich, St Louis,
Cr >99.8 <45
MO, USA
Sigma Aldrich, St Louis,
Mn >99.8 <45
MO, USA
Good Fellow Cambridge
Fe >99.8 <10
Limited, England

3.1.2 Fabrication process

Ball milling is a crucial solid-state alloying technique in materials science, where mechanical
energy is used to repeatedly weld, fracture, and reweld powder particles, leading to alloying or
refinement of microstructures. The fundamental principle of ball milling involves the repeated
impact and friction of metallic powders with milling media (usually balls made of hard
materials) within a high-energy ball mill (show in Fig 3.3). This process induces severe plastic
deformation and localized heating, which can occur at room temperature, breaking the
temperature limitations of traditional metallurgical methods. As a result, many high-melting-

point alloys and composite materials can be synthesized effectively.
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The advantage of ball milling lies in its ability to produce refined microstructures, such as
nanocrystalline structures, while ensuring a homogeneous distribution of elements. This
technique is widely applied in the fabrication of high-entropy alloys [196], nanocrystalline
materials [197], intermetallic compounds [198], and other materials with special properties.
However, certain challenges persist in the ball milling process, such as the potential
introduction of impurities and extended experimental durations. Thus, optimizing the ball

milling parameters is essential for achieving desirable material properties.

In this study, various ball milling parameters, including the manufacturing material, ball-to-
powder ratio, milling time, and rotation speed, were explored to assess their impact on the
mechanical alloying process. The optimal ball milling parameters will be discussed in detail in

the research discussion section. The specific milling equipment model and parameter
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adjustments are listed in the following table:

Table 3.2 Specific parameters of ball milling process
(The optimized ball milling parameters are provided in the Table 4.5 in Chapter 4)

Milling parameters Details

Fritsch Pulverisetter-6, Idhar-

Model
Oberstien, Germany
Milling jar 500ml
Milling ball radius Half ft. (1.5c¢m)
Manufacturing material 304 stainless steel/high Cr steel
Ball milling time 0-60 hrs
Ball to powder weight ratio 5:1,10:1, 20:1
Milling speed 0-500 rpm

Milling atmosphere Ar gas (99.99 wt%)

Process control agents Ethanol (C2:HsOH)

3.2 Microstructure characterizations

3.2.1 Preparation of observation samples

In the experimental methodology, sample preparation is crucial for accurate microstructural
analysis. To ensure that samples remain undamaged during microscopy (such as scanning
electron microscopy (SEM)) and present a stable, clear surface for observation, embedding
(mounting) techniques are typically employed to encapsulate the sample. In this experiment, a
combination of resin and hardener was used to embed the samples, ensuring structural integrity

and facilitating further processing and analysis.
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Fig 3.4 (a) Hardener and Epoxy resin; (b) mounting mold

First, the sample is placed in a mounting mold (Fig 3.4 b), ensuring that the critical observation
surface is oriented correctly. The embedding material, typically epoxy resin or acrylic resin
[199] (Fig 3.4 a), is selected due to its excellent mechanical strength and stability, providing
robust protection once cured. To ensure full coverage of the sample during embedding, the
resin and hardener are mixed according to the recommended ratio (hardener: resin = 4.44:1),
with careful stirring to avoid the formation of air bubbles, which could create voids and
negatively affect the quality of the sample surface after curing. Next, the mixed resin is poured
into the mold, completely covering the sample. The sample and mold are left to cure at room
temperature or slightly elevated temperatures, depending on the properties of the resin and
hardener used. Curing times vary from several hours to a full day, during which care is taken

to avoid contamination or mechanical damage to the sample's surface.

3.2.2 Sample grinding and polishing

In the sample preparation process, grinding and polishing are essential to achieve a smooth and
defect-free surface suitable for microstructural analysis. In this experiment, a manual grinder
(Fig 3.5 a) was used with progressively finer sandpapers, starting from 200 mesh, followed by
500 mesh, 1000 mesh, and finally 2000 mesh sandpaper. This approach effectively removes
excess resin and surface imperfections, ensuring a flat, less scratch surface that is ready for the

polishing stage. After grinding, an automatic polishing machine (Fig 3.5 b) was employed for
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a 30 minutes polishing process. An OPS-Non dry (oxide polishing suspension, Fig 3.5 c) was
used during polishing, containing fine particles (0.25 um) that help further smooth the surface
and eliminate micro-scratches left from the sanding process. The automatic polishing machine
ensures even and consistent pressure (20 N) throughout the process, resulting in a mirror-like

surface ideal for SEM and other microstructural analyses.

Fig 3.5 (a) Struers Labopol-60 Polishing Table; (b) Struers Tegramin-25 Automatic

Polisher; (c) OPS-Non day (oxide polishing suspension)

3.2.3 X-ray diffraction (XRD)/Rietveld refinement method

X-ray diffraction (XRD) is a widely used characterization technique for analyzing the crystal
structure of high-entropy alloys (HEAs). XRD works by measuring the diffraction angles of
X-rays as they interact with the crystal planes of a material, allowing researchers to determine
its phase composition and crystal structure parameters [200]. In this study, a Panalytical
Empyrean X-ray diffractometer show in Fig 3.6 (Malvern, United Kingdom) with a Cu Ka
radiation source (A = 0.154157 nm) was employed to perform the analysis. To ensure high-
resolution XRD patterns, the instrument was operated at a high voltage of 40 mA and 55 kV,
with a slow scan rate and a step size of 0.003°, which helps capture subtle variations in crystal

phases and structural details.
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Fig 3.6 Panalytical Empyrean X-ray diffractometer

This high-precision XRD setup provides a wealth of information about the crystal structure,
particularly useful in studying multiphase systems or lattice distortions. The slow scanning
mode and high voltage settings enable the precise identification of various phases, as well as
the detection of crystal defects or distortions, offering deeper insights into the relationship

between the microstructure and the performance of the HEAs.

The analysis of X-ray diffraction data was further refined using the Rietveld refinement method
[201]. This widely applied full-profile fitting technique is based on the least squares method,
optimizing the crystal structure parameters by minimizing the differences between the
theoretical and experimental diffraction patterns. In this study, MADU software was used for
XRD refinement, leveraging its robust data processing capabilities to handle complex

multiphase systems [202].
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Fig 3.7 The user interface of the MAUD software

Through refinement with MADU (Fig 3.7), the XRD patterns were accurately fitted, providing
detailed information on the crystal structure. This process allowed for the determination of
phase compositions, lattice parameters, and other critical structural features [202]. Such
information is crucial for further understanding the relationship between the microstructure and
performance of high-entropy alloys (HEAs), offering theoretical support and insight into their

structural properties.

3.2.4 Scanning electron microscopy (SEM)/Transmission electron

microscopy (TEM)

Scanning electron microscopy (Ultra-High Resolution Scanning Electron Microscope (UHR-
SEM, Regulus, SU8230)) was employed as a key tool for characterizing the microstructure of
the high-entropy alloys (HEAs). SEM utilizes an electron beam to interact with the surface of
the sample [203], generating high-resolution images that reveal the morphology and
microstructural features of the HEAs. One of the main advantages of SEM is its high

magnification capability combined with a large depth of field, which allows for detailed
52



microstructural analysis.

In this experiment, SEM was used to observe samples after grinding and polishing, with the
parameters such as accelerating voltage (20 kV), backscatter mode and working distance (8 -
15 mm) optimized to ensure image clarity and contrast based on the specific requirements of
the sample. Eenergy-dispersive X-ray spectroscopy (EDS) was integrated to analyze the
elemental distribution within the alloy further. By combining backscattered electron (BSE)
imaging with EDS, it was possible to obtain microstructural images and analyze elemental
content and distribution across the sample. Finally, the SEM images were utilized to compare
microstructural changes under different experimental conditions, and the results were
combined with other characterization techniques such as XRD and TEM to provide a
comprehensive analysis of the structural evolution of the alloys. Additionally, to obtain clearer
images and prevent the sample from drifting during high-magnification observation, a thin
layer of conductive metal coating is typically applied to the sample surface. In this experiment,
a platinum (Pt) coating was used. Platinum, with its excellent electrical conductivity,
effectively eliminates the charge accumulation that would otherwise occur on the non-

conductive resin surface, thus ensuring clear imaging and accurate data acquisition.

The JEOL 2100F transmission electron microscopy (TEM) was used to characterize the
microstructure of the high-entropy alloys (HEAs), particularly for observing nanoscale phase
structures. Unlike scanning electron microscopy (SEM), TEM allows the electron beam to
penetrate the sample, producing high-resolution images that provide detailed information about
the crystal structure [204]. During TEM analysis, samples often require the preparation of ultra-
thin sections; however, the preparation process for powder samples is relatively complex. The
powder is suspended in alcohol and subjected to repeated ultrasonic treatment, after which the
upper clear liquid is collected and dropped onto a copper grid for drying [205]. TEM not only
offers microstructural images but can also be coupled with energy-dispersive X-ray
spectroscopy (EDX) to analyze the local elemental distribution and chemical composition of

the sample. Additionally, selected area electron diffraction (SAED) can be used to further
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determine the crystal orientation, phase composition, and related structural information. The
results obtained from TEM are combined with data from other characterization techniques such
as XRD and SEM, providing a more comprehensive analysis and helping to reveal the

relationship between the alloy's microstructure and its hydrogen storage performance.

3.2.5 Particle size distribution

The particle size distribution of the alloy after ball milling were measured using laser
diffraction technology. Laser diffraction is a commonly used method for particle size analysis,
determining particle size by measuring the scattering angle and intensity of a laser beam as it
interacts with the particles. The basic principle of this technique is that larger particles scatter
light at smaller angles, while smaller particles scatter light at larger angles. By analyzing the
distribution of scattered light, the particle size and its distribution can be accurately calculated.
In this experiment, a Malvern Panalytical Mastersizer 3000 (Fig 3.8) particle size analyzer was
used for the measurements. The as milled HEAs powder, after ball milling, was dispersed in a
liquid medium (water or ethanol) with continuous ultrasonication to prevent particle
agglomeration during the measurement process. The measurements were repeated three times,
and the average value was obtained. Data analysis was performed using the SOP Architect

software.
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Fig 3.8 The Malvern Panalytical Mastersizer 3000 particle size analyzer

3.3 Thermodynamic characterization

3.3.1 Differential scanning calorimetry (DSC)

Differential scanning calorimetry (DSC) show in Fig 3.9 was employed for thermodynamic
characterization, with the primary aim of determining the phase transition temperatures of the
high-entropy alloys (HEAs) to guide subsequent heat treatment processes. DSC is a widely
used thermal analysis technique that measures the heat absorbed or released by a sample during
heating or cooling, allowing for the identification of phase transitions, reaction processes, and
thermal stability of the material. In this study, the heating rate was set to 10°C/min, with the
temperature range spanning from room temperature (approximately 25°C) to 1300°C, covering

the temperatures at which various solid-state phase transitions may occur in the HEAs.
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Fig 3.9 The Simultaneous Thermal Analysis (Netzsch Jupiter STA449 FS)

3.3.2 Heat Treatment

In this experiment, the samples were heat-treated using a vacuum sintering furnace (Fig 3.10)
with a vacuum level reaching 10"-3 Pa. This high-vacuum environment effectively prevents
the samples from reacting with impurities such as oxygen and nitrogen in the air at elevated
temperatures. To ensure consistency with the heating conditions of the DSC, the heating rate
for the heat treatment was also set to 10°C/min, allowing for a uniform temperature increase
and precise control of phase transformations. The heat treatment temperatures were set at
300°C, 600°C, and 900°C, aimed at observing the evolution in phase structures at different
temperature stages. Each sample was held at the target temperature for 3 hours to ensure that

the phases became more stable and uniform.
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Fig 3.10Vacuum sintering furnace

3.3.3 Calculations of phase diagram (CALPHAD)

In this experiment, Thermo-Calc software was used for phase diagram calculations, utilizing
the TCHEAG6 database provided by Inner Mongolia University of Science and Technology.
Thermo-Calc is a computational tool based on thermodynamic and phase equilibrium theories,
widely applied in alloy design, phase diagram prediction, and heat treatment process
optimization [206]. The software calculates phase transitions, phase compositions, and
thermodynamic parameters under equilibrium conditions, enabling researchers to analyze the

phase behavior of multicomponent alloy systems.

The core principle of Thermo-Calc relies on the minimization of Gibbs free energy to achieve
thermodynamic equilibrium [207]. By minimizing the total free energy of the system, the
software can determine the stable phases at various temperatures and predict phase
compositions under multiphase equilibrium conditions. This approach is particularly effective

for investigating complex alloy systems, especially high-entropy alloys (HEAs), where phase
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diagram calculations provide critical theoretical guidance for predicting phase composition in

these multicomponent systems.

3.4 Hydrogen storage performance

3.4.1 High-Pressure (H: condition) differential scanning calorimetry (HDSC)

In this experiment, the first hydrogen absorption temperature of the alloy was determined by
placing the sample in a high-pressure differential scanning calorimeter (NETZSCH High-
Pressure DSC (DSC 204 HP Phoenix)) under a hydrogen atmosphere, and gradually increasing
the temperature. The specific procedure involved heating the sample at a constant rate of 10°C
per minute. Since hydrogen absorption is an exothermic reaction, a distinct exothermic peak
appears on the DSC curve when the alloy begins to absorb hydrogen. By observing and
recording the temperature at which this exothermic peak occurs, the initial hydrogen absorption
temperature of the alloy can be identified. The first hydrogen absorption temperature of the
alloy provides valuable information for guiding the subsequent activation of the alloy and

comparing the activation difficulty of different alloys.

3.4.2 Hydrogen storage performance testing

In this experiment, the hydrogen absorption and desorption performance were evaluated using
an H-Sorb 2600 high-pressure gas adsorption analyzer (Beijing CI-Ultrametrics Technology
Co., Ltd.), which is a Sievert-type apparatus. The Sievert method [208] is a classical gas
adsorption measurement technique widely used for characterizing hydrogen storage materials.
It determines the material’s capacity to absorb or desorb hydrogen by measuring the changes
in gas volume. The principle of the Sievert-type apparatus involves placing the sample in a
sealed pressure vessel and gradually varying the gas pressure to observe the sample's hydrogen
absorption or desorption behavior. During hydrogen absorption, as the pressure increases,

hydrogen molecules are absorbed by the material, and the equipment monitors the changes in
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gas pressure and volume to calculate the hydrogen uptake. Conversely, when the pressure is
reduced, the hydrogen stored in the material is released, and the equipment records the pressure
changes and gas volume to determine the amount of hydrogen desorbed. The PCT test of the
HEAs was conducted within a hydrogen pressure range of 0.01 to 5 MPa to obtain its pressure-
composition isotherms. During the hydrogen absorption process, the pressure was increased in
increments of 0.5 MPa, with an absorption time of 30 minutes for each step. The desorption
process followed the reverse procedure, where the pressure was reduced by 0.5 MPa per step,
with a desorption time of 30 minutes. All PCT measurements were performed after the
complete activation. The cyclic performance tests of the alloys were conducted using GASPRO,
Setaram Kep Technologies, France equipment at the University of Waikato, New Zealand, with
the activation method remaining unchanged. For the as-milled alloys, after activation and
hydrogen absorption at room temperature, the temperature was increased to 300°C under
vacuum, followed by cooling to room temperature for testing. For the arc-melted alloys, the

vacuum treatment was performed at 400°C.
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Fig 3.11 Schematic diagram of hydrogen storage device
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3.4.2.1 Hydrogen storage activation process

The hydrogen activation process was conducted at 300°C under a pressure of 5 MPa for a
duration of two hours, followed by vacuum treatment for one hour. This process was repeated
three times. The activation was considered successful when the hydrogen absorption curve
from the final cycle closely matched the previous one, indicating that the material had been
fully activated. After completing the activation process, the sample was subjected to vacuum
at 300°C for an additional two hours to ensure complete hydrogen desorption from the alloy at

that condition.

3.4.2.2 Hydrogen storage absorption/desorption testing

In this experiment, the hydrogen absorption/desorption kinetics of the HEAs were measured
under 5 MPa of hydrogen pressure, with the testing temperature adjusted according to specific
requirements. The XRD measurements for the fully hydrogenated state were conducted at the
alloy's maximum hydrogen absorption temperature, which is room temperature, to determine
the formation of hydrides. The XRD for the desorbed state was performed after vacuum
treatment at 300°C for two hours, ensuring that all absorbed hydrogen had been fully released

from the alloy at that condition.

3.4.2.3 Hydrogen storage pressure—concentration—temperature (PCT) test

In this experiment, the pressure-composition-temperature (PCT) tests were conducted after the
alloy had been fully activated and completely desorption. The procedure involved
incrementally increasing the pressure by 0.2 MPa during the hydrogen absorption process, until
reaching the final pressure of 5 MPa. During the desorption process, the pressure was gradually
reduced, also in steps of 0.2 MPa, until atmospheric pressure or vacuum conditions were
achieved. Due to the excellent kinetics of the alloy, a waiting time of 30 minutes was sufficient

after each pressure increase or decrease to allow the system to reach equilibrium.
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4. Investigation on fabrication of HEAs powders via

mechanical milling

In the field of materials science, ball milling is an efficient mechanical alloying method widely
used for refining and alloying metal powders. This process introduces high-energy mechanical
forces to facilitate cold welding, fracture, and rewelding of powder particles, thereby achieving
atomic-level mixing and phase transformation. Key parameters in the ball milling process, such
as milling ball/jar material, milling time, ball-to-powder ratio, and rotational speed,
significantly influence the phase structure of the alloy. Optimizing these parameters is crucial

for obtaining the desired phase structure.

In this study, we systematically investigate the effects of different ball milling parameters on
the phase composition of the TiisV3s(CrMnFe)so HEA. Based on previous research on synthesis
of NiMnFeCr high entropy alloy using ball milling in our research group [209], this study
initially selected a milling time of 15 hours, a ball-to-powder ratio of 10:1, a rotational speed
of 350 rpm, and 1 wt% process control agent (ethanol) as the baseline conditions. Through a
systematic investigation, the effects of milling material, milling time, ball-to-powder ratio,
rotational speed, and process control agent on the phase composition of the alloy were
investigated. Following the successful optimization of the TiisV3s(CrMnFe)so alloy, these

findings will be applied to the fabrication of other high-entropy alloy compositions.

4.1 Morphology of raw material

In ball milling processes, the initial particle size of the powder is typically selected based on
the specific requirements of the process and the desired characteristics of the final material.
Generally, a particle size range of 10 to 100 um is considered optimal [210]. Larger particles
may hinder certain elements from dissolving fully into the matrix or require extended

mechanical alloying time to achieve the desired results, which increases the risk of
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contamination in the alloy powder. In such cases, intermittent milling may be required to
mitigate this issue. On the other hand, smaller particle sizes can lead to agglomeration during
the early stages of mechanical alloying, resulting in uneven alloy distribution [211]. Therefore,
selecting an appropriate particle size is a critical factor in improving both the efficiency and
success rate of mechanical alloying. Fig 4.1 shows the morphology of the raw powder, with
specific parameters provided in the research methodology section. The particle sizes are
uniformly distributed, with all diameters less than 45 microns. No excessively large or small
particles were observed, indicating that the powder size distribution is optimal for the milling
process. This uniform size selection helps ensure the stability of the ball milling process and
promotes homogeneous alloying. An appropriate particle size not only enhances the efficiency
of mechanical alloying but also minimizes potential issues such as agglomeration or incomplete

alloying during the milling process.
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Fig 4.1 SEM Morphology of raw elemental powder: (a) Ti; (b) V; (¢) Cr; (d) Mn; (e) Fe

4.2 Material of the milling balls and jars

In the ball milling process, the material of the milling balls and milling jars has a significant
impact on the final composition of the alloy. This is especially in high-energy ball milling,
where the hardness of the materials used for the milling media greatly influences the extent of
contamination introduced during the mechanical alloying process. Typically, milling jars and
milling balls are made of the same material to ensure uniform wear and minimize
contamination. In this study, we explored the effects of milling balls and jars made from two

different materials (304 stainless steel and high carbon chrome steel), with varying hardness
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levels, on the final composition of the HEA. Fig 4.2 and 4.3 present the elemental distribution
of high-entropy alloys (HEAs) milled with different materials. From the figures, it is evident
that Fe enrichment occurred in the alloys milled using 304 stainless steels as the grinding
material. This is likely due to wear on the grinding media during the milling process, causing
Fe to be introduced into the alloy, leading to contamination. In contrast, the alloys milled with
high-carbon chromium steel show a more uniform elemental distribution, with no visible Fe
enrichment. This can be attributed to the lower hardness of 304 stainless steel (20 HRC), which
is more prone to wear when colliding with harder elements such as V (45 HRC) and Cr (60
HRC), resulting in Fe contamination. However, the higher hardness of high-carbon chromium

steel (65 HRC) prevents significant Fe wear, and thus no Fe enrichment was observed.
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Fig 4.2 The BSE image and elements distribution of HEA milled by 304 stainless steels

Fig 4.4 (a) and (b) illustrate the atm% of individual elements in the high-entropy alloys (HEAs)
fabricated using different materials. It is evident from the figures that the Cr and Fe content in
the alloys milled with 304 stainless steel ball/jar is significantly higher than the designed

composition, due to the fact that Fe and Cr are the primary constituents of 304 stainless steel.
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In contrast, the HEA fabricated using high-carbon chromium steel show element concentrations

that closely align with the nominal values, indicating much lower contamination.

10pm 10pm

Fig 4.3 The BSE image and elements distribution of HEA milled by high carbon chrome

steel

Furthermore, the excessive incorporation of Cr and Fe leads to a reduction in the lattice constant
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of the body-centered cubic (BCC) structure. This occurs because Cr and Fe have smaller atomic
radii, and their extensive solid solution into the alloy matrix decreases the overall average
atomic radius, consequently reducing the lattice constant (show in Fig 4.4 ¢). Based on this
analysis, high-carbon chromium steel will be selected as the preferred milling material for
future alloy preparation. Its use results in minimal contamination, yielding alloys with more
uniform elemental distribution and element concentrations that are closer to the designed

values.
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Fig 4.4 (a) The measured atm% values and EDS spectrums of HEA milled by 304
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high carbon chrome steel; (c) the XRD patterns of HEA after ball milling by different

materials
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4.3 Effect of milling time on phase evolution of Tii;sV3s(CrMnFe)so HEA

Milling time is one of the critical parameters in the ball milling process, directly influencing
the microstructure and the phase composition of the alloy [171, 212]. Typically, the milling
time needs to strike a balance between particle fracture and cold welding, leading to the
formation of a stable phase structure [213]. The required milling time depends on various
factors, including the type of milling machine used, the ball-to-powder ratio, and the rotational
speed, all of which contribute to the energy input and material response during the milling
process. However, a lot of studies have shown that once the phase structure stabilizes,
extending the milling time does not further improve material properties. Instead, it can lead to
contamination from wear of the milling balls or jars, increasing the risk of impurity introduction
[209]. Moreover, prolonged milling may induce unwanted phase transformations [214].
Therefore, the optimal strategy is to precisely control the milling time, processing the powder
only for the necessary duration. Avoiding excessive milling time helps minimize contamination

and prevent negative effects on the material caused by unnecessary prolongation.
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Fig 4.5 X ray diffraction patterns of the milled TiisV3s(CrMnFe)so HEA with different

milling time under BPR 10:1 and milling speed 350rpm

Fig 4.5 illustrates the X-ray diffraction (XRD) patterns of the TiisV3s(CrMnFe)so alloy at
different ball milling times. In the un-milled state, the XRD pattern clearly displays the
characteristic diffraction peaks corresponding to Ti, V, Cr, Mn, and Fe, indicating the distinct
presence of the individual metallic elements. After 5 hours of ball milling, the diffraction peaks
of these elements broaden and weaken to varying degrees, signifying the initiation of particle

fracture and cold welding processes. However, several distinct elemental peaks are still

observable, indicating that the alloy is still in the initial stages of the ball milling process.

As the ball milling time is extended to 10 hours, the XRD patterns reveal

corresponding to the body-centered cubic (BCC) structure, along with minor Laves phases and

residual Fe element peaks. The presence of Fe is likely attributed to its smallest atomic radius
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(124.12 pm), which makes it more difficult for Fe atoms to dissolve into the BCC structure,
leaving a trace amount of Fe as a separate phase in the XRD patterns. By the time the ball
milling duration reaches 15 hours, the BCC structure becomes the dominant phase, as indicated
by the increased intensity of the corresponding diffraction peaks. At this stage, the Fe peaks
have largely disappeared, suggesting that Fe has gradually dissolved into the alloy matrix. This
shift reflects a stabilization of the BCC phase and a more homogeneous distribution of elements

within the alloy

After 20 hours of ball milling, the XRD pattern shows no significant changes compared to that
at 15 hours, indicating that a stable phase structure had already been established by the 15 hours.
However, a slight shift of the peak positions (BCC phase) toward lower angles is observed,
suggesting that the lattice constant may have decreased slightly due to the prolonged ball
milling. This peak shift could be attributed to lattice distortion and the accumulation of strain
caused by extended milling, or possibly due to contamination from Fe, which could have

altered the overall lattice parameters.

Overall, with the increase in ball milling time, the phase structure of the alloy gradually
transitions from an initial multi-metal mixture to a structure dominated by the BCC phase, with
a small amount of Laves phase as a secondary phase. This indicates that milling time is one of
the key factors influencing the phase composition of the TiisV3s(CrMnFe)so alloy. However,
excessively long milling times may not further stabilize the phase structure; instead, they may
introduce slight lattice distortion and elemental contamination. Therefore, determining the

optimal ball milling time is critical for optimizing the phase structure of the alloy.
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The Fig 4.6 presents the distribution of elements (Ti, V, Cr, Mn, Fe) in the Ti15V35(CrMnFe)50
alloy at different ball milling times. After 5 hours of ball milling, the element distribution is
uneven, showing significant elemental segregation, indicating that elements diffusion between
atomic level has not yet begun. The particle size remains relatively large, but the process of
powder fracture and cold welding has initiated (show in Fig 4.7), signaling the early stages of
mechanical alloying. As the ball milling time increases (up to 10hrs), the distribution of
elements becomes more uniform, indicating that atomic-level diffusion has begun between the
elements and that a predominantly BCC structure is gradually forming (show in Fig 4.6).
However, minor Fe segregation is still observable, which is consistent with the findings from

the XRD pattern (Fig 4.6).

10pm

Fig 4.7 The EDS elements over layer mapping image of Shrs milling (the element types

represented by different colors are the same as in Fig 4.6)

After 15 hours of ball milling, the distribution of elements in the alloy becomes uniform, with

no evidence of elemental segregation. However, the presence of a second phase cannot be
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detected, which may be attributed to the resolution limitations of the scanning electron
microscope (SEM) or the extremely low content of the second phase. It is also worth noting
that due to the nanoscale grain size and significant lattice distortion in the alloy after ball
milling, observing the second phase in transmission electron microscopy (TEM) also be
challenging. When the ball milling time up to 20 hours, the EDS mapping reveals a significant
accumulation of Fe and Cr elements. This is likely due to excessive wear of the milling balls
after the alloy's structure has stabilized, resulting in contamination of the alloy composition.
Since the milling balls primarily consist of Fe and Cr, their attrition during prolonged ball
milling leads to the enrichment of these elements in the alloy. Table 4.1 presents the specific
elemental composition (atm%) of the alloy at different ball milling durations. It can be observed
that when the milling time is less than 15 hours, the alloy's elemental composition closely aligns
with the designed composition. However, at 20 hours of milling, the contents of Fe and Cr
increase significantly, deviating considerably from the intended composition. This deviation
suggests that prolonged milling results in contamination due to wear of the milling balls. Based
on the XRD analysis, EDS elemental distribution, and the specific elemental contents, 15 hours
of milling is identified as the optimal ball milling times, ensuring composition stability with

minimal contamination.

Table 4.1 Represents the measured atm% values of each element present in the as-

milled TiisV3s(CrMnFe)so HEA

Time Ti \% Cr Mn Fe
Shrs 16.63 35.78 16.60 15.32 15.68
10hrs 15.38 35.26 16.61 15.61 17.14
15hrs 15.44 34.39 16.88 15.85 17.42
20hrs 13.64 31.85 17.55 14.33 22.63

Fig 4.8 illustrates the particle size distribution of the alloy at various milling times. It is evident

that, in the initial stages of milling, the particle size increases, which is likely due to particle
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agglomeration during the cold welding process. However, as milling time increase, the particle
size gradually decreases, indicating effective particle fragmentation and refinement during the
mechanical milling process. When the milling time reaches 15 hours, the particle size tends to
stabilize, with minimal further changes. This suggests that the powder has reached a balanced
state between fracturing and cold welding, and extending the milling time has limited impact

on further size reduction.
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Fig 4.8 The Particle size distribution at different ball milling times
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4.4 Effect of Ball-to-Powder weight ratio on phase evolution of

TiisVis(CrMnFe)so HEA

The ball-to-powder ratio (BPR), sometimes referred to as the charge ratio (CR), is a crucial
variable in the milling process. Different researchers have suggested various optimal BPR
values, ranging from as low as 1:1 to as high as 50:1 [215-218]. A higher BPR increases the
frequency of collisions between the milling media and the powder particles within a given time
frame, allowing more energy to be transferred to the powder. This accelerates the alloying
process and reduces the milling time required for phase stabilization. However, excessively
high BPR values can also increase the risk of contamination during the milling process.
Conversely, if the BPR is too low, the mechanical energy may be insufficient, slowing down
the alloying process or even preventing it from fully occurring. Therefore, identifying the
optimal BPR is critical for achieving the desired phase composition, microstructure, and
material properties. In this study, various BPR values are controlled to systematically explore

their impact on the phase composition of the Tii1sV3s(CrMnFe)so alloy.
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Fig 4.9 X ray diffraction patterns of the milled TiisV3s(CrMnFe)so HEA with different

Ball-to-powder weight ratio under 15hrs milling

At the ball-to-powder ratio of 5:1, the XRD patterns exhibit several distinct diffraction peaks
(show in Fig 4.9) corresponding to individual elements such as Ti, V, Cr, Mn, and Fe. However,
no BCC phase is observed, indicating that the mechanical alloying process is incomplete under
these conditions. The relatively low energy input during ball milling with this ratio is

insufficient to effectively mix the elemental components into a stable BCC matrix structure.
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Fig 4.10 The BSE image and EDS elements mapping of the HEAs milling by different

ball-to-powder ratio
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As the ball-to-powder ratio increases to 10:1, the XRD patterns reveal the emergence of a BCC
phase as the primary structure, along with a minor presence of Laves phase. This suggests that
the mechanical alloying process has significantly improved, with enhanced elemental diffusion
and a higher degree of alloying. When the ball-to-powder ratio is further increased to 20:1, the
phase composition remains unchanged, with the BCC structure remaining dominant. However,
a slight shift in the BCC peak position toward higher angles is observed, which could be
attributed to lattice distortion or stress accumulation due to prolonged milling, or potentially

contamination from Fe introduced during the process.

Table 4.2 Represents the measured atm% values of each element present in the as-

milled TiisV3s(CrMnFe)so HEA with different BPR

Ratio Ti \% Cr Mn Fe
5:1 16.19 35.93 13.49 18.62 15.77
10:1 15.44 34.39 16.88 15.85 17.42
20:1 13.66 31.73 17.10 13.35 24.16

Fig 4.10 illustrates the distribution of elements at different ball-to-powder ratios (BPR). At the
BPR of 5:1, the distribution maps of Ti, V, Cr, Mn, and Fe reveal significant inhomogeneity,
indicating that mechanical alloying has not yet fully occurred. The powder particles are still in
the initial stages of fracture and cold welding, and the elements have not been sufficiently
mixed. When the BPR is increased to 10:1, the elemental distribution becomes more uniform,
and no noticeable element segregation is observed. However, further increasing the BPR (20:1)
results in localized enrichment of Fe, suggesting that at higher BPR values, there is an increase
in the wear of the milling balls, leading to Fe contamination from the milling media. Table 4.2
is the measured atm% values of each element present in the as-milled Ti15V35(CrMnFe)so HEA
with different BPR. As shown in the table, the elemental composition of the alloy is closest to
the designed values when the ball-to-powder ratio (BPR) is set to 10:1. However, when the

BPR is increased to 20:1, the proportion of other elements (Ti, V, Mn) decreases significantly,
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while the Fe and Cr contents rise considerably, resulting in a large deviation from the designed
composition. Therefore, taking these factors into consideration, the BPR of 10:1 is selected as

the optimal ratio to achieve the desired alloy composition.

4.5 Effect of Milling Speed on phase evolution of TiisVis(CrMnFe)so

HEA.

The rotational speed (rpm) in ball milling is one of the key parameters influencing the energy
input during the mechanical alloying process. Changes in speed directly affect the kinetic
energy of the milling balls and the frequency of collisions, which in turn have a significant
impact on the phase composition of the alloy [219, 220]. At lower rotational speeds, both
collision frequency and energy are reduced, leading to insufficient mixing of alloying elements
and potentially hindering the formation of the desired phase structure. In contrast, higher
rotational speeds increase the kinetic energy of the milling balls, thereby promoting more
effective powder fragmentation and cold welding, which accelerates the alloying process.
However, excessively high speeds can result in issues such as excessive cold welding, and
increased wear of the milling balls and jar, potentially introducing contamination. Therefore,
selecting an optimal rotational speed is critical for optimizing the phase composition of the
alloy. This study systematically investigates the effect of different rotational speeds on the
phase composition of the Tii5V3s(CrMnFe)so alloy, aiming to provide theoretical guidance for

further optimization of the mechanical alloying process.
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Fig 4.11 X ray diffraction patterns of the milled TiisV3s(CrMnFe)so HEA with different

milling speed under BPR 10:1 and 15hrs milling

Fig 4.11 presents the X-ray diffraction (XRD) patterns under different milling speeds. At 300
rpm, the diffraction pattern reveals several characteristic peaks for various elements. Although
the alloying degree is improved compared to the conditions with a lower ball-to-powder ratio
(5:1), the phase structure has not yet fully transitioned into a stable BCC structure, suggesting
that the alloy is still in the early stages of mechanical alloying without achieving a stable phase.
When the milling speed is increased to 350 rpm, the XRD pattern clearly exhibits a dominant
BCC structure with a minor Laves phase, indicating a significant improvement in the degree
of alloying. The elements are more uniformly mixed, and the alloy has achieved a relatively
stable phase. Further increasing the speed to 400 rpm shows no significant change in the phase
structure, suggesting that the alloy's phase composition stabilizes at 350 rpm. However, a slight

peak shift towards larger angles in the BCC structure is observed. This shift, which has also
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been noted in cases of overextended milling time or excessive ball-to-powder ratio, is likely

caused by contamination from Fe due to the wear of the milling balls.

10um

Fig 4.12 The BSE image and EDS elements mapping of the HEAs milling by different

rotational speed
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Figure 4.12 and Table 4.3 present the elemental distribution and specific elemental content
(atm%) of the alloy at various milling speeds. At 300 rpm, it can be observed that the elements
are already evenly distributed across the alloy. However, when analyzed the XRD patterns
(show in Fig 4.11), it is evident that despite the uniform elemental distribution, the phase
structure of the alloy has not yet reached stability. At 350 rpm, the elemental distribution
remains uniform, with no signs of significant elemental segregation. According to the XRD
results, the alloy's phase structure stabilizes at this milling speed, forming a BCC-dominated
structure. This indicates that 350 rpm is an optimal milling speed for the alloy. When the speed
is further increased to 400 rpm, a significant Fe enrichment is observed, suggesting that
excessive milling speed may cause wear and tear on the milling balls, leading to contamination
by Fe. Therefore, considering the combined results, 350 rpm is identified as the optimal milling
speed, ensuring uniform elemental distribution, preventing contamination, and forming a stable

phase structure

Table 4.3 Represents the measured atm% values of each element present in the as-

milled TiisV3s(CrMnFe)so HEA with different BPR

Speed Ti \% Cr Mn Fe
300 15.94 36.84 16.65 15.65 14.92
350 15.44 34.39 16.88 15.85 17.42
400 12.73 29.49 17.21 13.04 27.53
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4.6 Effect of Process control agents (PCA) on powder yield of ball

milling

During the ball milling process, powder particles often undergo significant plastic deformation,
particularly those with high ductility, which can lead to substantial cold welding. However,
effective alloying only occurs when there is a balance between cold welding and particle
fracture [221, 222]. Excessive cold welding can result in a significant reduction in milling
efficiency and powder yield [223]. To mitigate the impact of cold welding, process control
agents (PCAs) are typically added to the powder mixture, with concentrations generally
ranging from 1 to 5 wt% [43]. Given the relatively low amounts of PCA used, its effect on the
phase composition and stability of the alloy is minimal. However, the introduction of PCA may
still introduce external contaminants, which could affect subsequent processing steps or
material properties. Therefore, it is advisable to minimize the amount of PCA added, while still

ensuring its efficacy in reducing cold welding.

Table 4.4 Effect of PCA content on powder yield of TiisV3s(CrMnFe)so HEA

Jar (g) Milling ball (g) Powder (g)
Content B A B A B A Powder yield (%)
Without 31475 3151 165.12 167.32 1555 9.79 63
0.5wt% 3147.3 3149.1 165.10 166.08 15.36 12.59 82
1wt% 3147.1 3147.8 165.07 165.55 15.46 14.22 92
1.5wt% 3147.6 3148.4 165.06 165.33 15.52 14.43 93

B: before ball milling/A: after ball milling

The Table 4.4 clearly shows that different PCA concentrations (wt%) have a significant impact
on the powder yield of Ti;5V3s(CrMnFe)so HEA. Without PCA, the powder yield is the lowest
at only 63%, indicating excessive cold welding during the ball milling process, which severely

reduces the powder yield. When 0.5 wt% PCA is added, the yield increases significantly to
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82%, suggesting that even a small amount of PCA can mitigate cold welding and enhance the
powder yield. As the PCA content increases to 1 wt%, the powder yield further rises to 92%.
However, when the PCA concentration is increased to 1.5 wt%, the yield only slightly increases
to 93%, showing a marginal improvement over 1 wt%. Thus, the addition of 1 wt% PCA
appears to be the optimal choice for maximizing powder yield while minimizing the

introduction of external contaminants.
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Fig 4.13 The Particle size distribution at different PCA addition

The addition of PCA significantly impacts the particle size distribution of the alloy powders,
as shown in the Fig. 4.13. Without PCA, the powder exhibits larger particle sizes (Dso=106um),
indicating severe cold welding during the ball milling process. When 0.5 wt% PCA is added,
the particle size distribution narrows, and the particle size decreases (Dso =37.1pum), suggesting
that the PCA effectively reduces cold welding, resulting in finer powder particles. As the PCA

content increases to 1.0 wt% (Dso =30.3um) and 1.5 wt% (Dso =28.8um), the particle size
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continues to decrease, though the changes are marginal. This indicates that the addition of 1.0
wt% PCA is sufficient to effectively control cold welding, and further increases in PCA content
have minimal additional effect on particle size. Therefore, combining the results of powder

yield and particle size distribution, adding 1.0 wt% PCA is deemed optimal.

4.7 Summary of Optimized Milling Parameters

4.7.1 Ball-to-Powder Ratio (BPR)

The BPR significantly influences the energy input and degree of alloying during mechanical
milling. Experimental results revealed that at a lower BPR of 5:1, elemental mixing was
insufficient, as indicated by the presence of residual metallic phases in the XRD patterns. In
contrast, increasing the BPR to 20:1 enhanced alloying efficiency; however, excessive wear of
the milling media led to severe Fe contamination, causing compositional deviation from the
designed alloy. To balance the degree of alloying and minimize contamination, a BPR of 10:1

was identified as the optimal ratio.
4.7.2 Milling Time

Milling time plays a crucial role in determining the extent of particle fracture, cold welding,
and phase transformation. The XRD analysis showed a gradual evolution toward a predominant
BCC phase with increasing milling duration. When the milling time was less than 10 hours,
unalloyed elemental peaks were still observed, indicating incomplete mechanical alloying. At
15 hours, the BCC phase became dominant, with a uniform elemental distribution. However,
extending the milling time to 20 hours resulted in negligible changes in phase composition
while leading to increased Fe contamination due to prolonged wear of the milling media. Thus,
15 hours was selected as the optimal milling duration to achieve a stable phase structure while

minimizing contamination.
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4.7.3 Milling Speed

Milling speed directly affects the impact energy of the milling media and the kinetics of
mechanical alloying. At a lower speed of 300 rpm, insufficient impact energy resulted in a
slower alloying process. Conversely, increasing the speed to 400 rpm enhanced mechanical
energy input but also intensified cold welding effects. Additionally, noticeable peak shifts in
the XRD patterns were observed, suggesting increased lattice strain, which could influence
hydrogen storage kinetics. Moreover, higher milling speeds exacerbated media wear,
introducing unwanted impurities. Consequently, a milling speed of 350 rpm was chosen as the
optimal condition to balance the degree of alloying and lattice strain while minimizing

contamination

4.7.4 Process Control Agent (PCA)

The addition of PCA plays a crucial role in preventing excessive cold welding, improving
milling efficiency, and optimizing particle size distribution. Without PCA, the powder yield
was only 63%, indicating severe cold welding during milling, which hindered the
homogenization process. The introduction of 0.5 wt% PCA significantly improved the powder
yield to 82%, while increasing the PCA content to 1.0 wt% further enhanced it to 92%.
However, when the PCA content reached 1.5 wt%, the improvement in powder yield was
marginal, and excessive PCA could potentially introduce additional carbon contamination.
Therefore, 1.0 wt% PCA was determined to be the optimal concentration, ensuring effective
milling while minimizing external contamination. Based on the experimental findings, the

optimized ball milling parameters for the preparation of Ti-V-Cr-Mn-Fe HEAs are as follows:
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Table 4.5 Optimized ball milling parameters

Milling parameters Details
Milling ball radius Half ft. (1.5cm)
Manufacturing material 304 stainless steel/high Cr steel

30 hrs (30min milling/30mins
Ball milling time

pose)
Ball to powder weight ratio 10:1
Milling speed 350 rpm
Milling atmosphere Ar gas (99.9wt%)
Process control agents 1 wt% C:HsOH
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5. Effect of heat treatment on microstructural evolution
and hydrogen storage performance of as-milled

Tis+<V35(CrMnFe)eo-x (x=0, 10, 20, 30) high-entropy alloys

The investigation focused on the effects of adjusting the ratios between elements A (Ti) and B
(Cr, Mn, Fe) on the alloy's hydrogen storage performance. This chapter investigates the
microstructural evolution, thermal stability, and hydrogen storage behavior of as-milled
Ti5+xV35(CrMnFe)60-x (x=0,10,20,30) high-entropy alloys (HEAs) before and after heat

treatment (HT).
Partial contents in this chapter have been published in the journal:

Y.T. Zhai, Y. M. Li, L. Bolzoni, J. Kennedy, F. Yang, Effect of heat treatment on microstructural
evolution and hydrogen storage performance of as-milled Tis+xV3s(CrMnFe)so-x (x=0, 10, 20,
30) high-entropy alloys, International Journal of Hydrogen Energy, Volume 81, 2024, Pages

584-594. https://doi.org/10.1016/j.ijhydene.2024.07.298.
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5.1 Microstructural characterization of the as-mill HEA powders

Fig 5.1 (a) depicts the X-ray diffraction (XRD) patterns of mechanically alloyed
Tis+xV3s5(CrMnFe)sox (x = 0, 10, 20, 30) HEAs. It is evident that all HEAs consist of a BCC
(Im-3m) primary phase and a minor C14 Laves (P63-mmc). Table 5.2 presents the phase
concentrations and lattice parameters determined by Rietveld refinement analysis. From the
Table 5.1, it can be observed that the proportion of the C14 Laves phase gradually increases
with increasing Ti content. This is attributed to the larger atomic radius of Ti (146.15 pm)
compared to other metal atoms (V, 131.6 pm; Cr, 121.91 pm; Mn, 135 pm, Fe, 124.12 pm) and
its larger formation enthalpy with other elements (show in Table 5.1), leading to increased
lattice distortion and formation enthalpy of the alloy, thereby increasing the probability of

forming the second phase [49].

Table 5.1 Calculated thermodynamic and geometric parameters of Tis+xV3s(CrMnFe)eo-

x (x=10, 20, 30) HEAs.

AHmix AS 5 Tm

HEA VEC Q 7 (pm)
(kJ/mol)  (J/K-mol) (%) (°C)
TisV3s(CrMnFe)so -4.06 12.38 6.15 596 4.28 130.17 1690
Ti1sV3s(CrMnFe)so -5.83 12.86 585 435 537 13198 1700
Ti2sV3s(CrMnFe)ao -6.76 12.63 555 371 593  133.80 1710
Ti3sV3s(CrMnFe)so -6.82 11.85 525 346 6.13 135.61 1720

Furthermore, with the increase in Ti content, the peaks significantly shift to lower angles,
indicating lattice constant increases due to Ti1 atoms having a larger atomic radius compared to
other metallic elements in these HEAs [224]. This suggests that, although the increase in Ti
content slightly augments the second phase quantity, a substantial portion of Ti atoms remains

solvated within the BCC structure.
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Fig 5.1 (a) XRD patterns of the Tis+xV35(CrMnFe)sox (x = 0, 10, 20, 30) alloys; (b)

Rietveld refinement of representative of Ti3sV3s5(CrMnFe)3o HEA powders.

Table 5.2 Refinement data of the Tis+V3s(CrMnFe)so-x (x =0, 10, 20, 30) HEA.

Lattice
Alloys Phase Space group wt% Rwp(%)
constant(A)
X= BCC Im-3m (229) - a=2.911 3.01
x=10 BCC Im-3m (229) 96.81 a=2.937
2.74
Laves P63-mmc (194) 3.18 a=4.848/c=7.673
x=20 BCC Im-3m (229) 95.30 a=2.969
3.35
Laves P63-mmc (194) 4.70 a=4.868/c=7.885
x=30 BCC Im-3m (229) 94.87 a=3.021
5.23
Laves P63-mmc (194) 5.13 a=4.877/c=8.064

Fig 5.2 presents the experimental chemical composition of the fabricated HEAs, measured
through Energy-Dispersive X-ray Spectroscopy (EDS) analysis and EDS spectra. According to
Fig 5.2, it can be observed that the final chemical composition of the alloy after ball milling is

close to the nominal composition, except for the Fe content in the TisV3s(CrMnFe)so
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composition, which significantly deviates. This discrepancy is attributed to the high content of
the hard element Cr (with a Mohs hardness of 8.5), which increases the wear of the milling
balls. Since the primary component of the milling balls is Fe, this results in an increased Fe
content in the alloy. The EDS map of randomly selected powder particles, as shown in Fig 5.3,
reveals that the distribution of all five elements within each particle is nearly uniform, without

any obvious elemental segregation.

Fig. 5.2 Represents the measured atm% values and EDS spectra of as-milled

Tis+xV3s(CrMnFe)sox (x=0, 10, 20, 30)

91



Fig 5.3. BSE/EDS maps of the as-milled Tis+xV3s(CrMnFe)sox (x =0, 10, 20, 30) HEA

powders
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5.2 Thermal stability of the as-mill HEA powders
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Fig 5.4 The DSC curve of the as-milled Tis+xV35(CrMnFe)sox (x =0, 10, 20, 30) HEAs

powders.

The DSC curves (Fig 5.4) of each alloy exhibit similar exothermic and endothermic trend.
Initially, an exothermic trend is observed, which can be attributed to the release of internal
stresses caused by severe plastic deformation induced by high-energy ball milling [225]. It is
worth noting that both the Ti25V3s5(CrMnFe)40 and Ti35V3s(CrMnFe)s3o alloys show fluctuations
between 350 and 450 °C, while the Ti35V3s(CrMnFe)so alloy exhibits a distinct exothermic peak
between 650 and 700 °C. To investigate the variation of alloy microstructure at different
temperatures, the as-milled HEAs powders were annealed at 300, 600, and 900 °C, 3 hours to

achieve a homogeneous microstructure.
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Fig 5.5 XRD patterns of the Tis+~V3s(CrMnFe)sox (x =0, 10, 20, 30) HEAs heat treated
at different temperature. (a) x=0; (b) x=10; (c¢) x=20; (d) x=30; (e), (f) Rietveld
refinement of representative of TisV35(CrMnFe)eo and TiisV3s(CrMnFe)so HEAs heat

treated at 900 °C
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Fig 5.5. presents the XRD patterns of the as-milled Tis+xV3s(CrMnFe)sox (x = 0, 10, 20, 30)
HEAs after various heat treatments. The XRD pattern of the alloy after HT at 900 °C was
refined, and the fitting results of the alloy's crystal structure are summarized in Table 5.3. It
is worth noting that the TisV3s5(CrMnFe)so HEA after HT at 900 °C, a significant amount of ¢
(P42/mnm, JCPDS 65-4528) phase is identified in the XRD pattern (Fig 5.5 a) By comparing
the XRD patterns and the refinement results, it is found that the lattice constant of the BCC
phase in the HEA remained almost unchanged (Table 5.3). The decomposition of the alloy
phase (BCC phase) typically accompanies a significant shift in peak position [226], and is often
accompanied by pronounced fluctuations in the DSC curve. The identified ¢ phase in the heat-
treated HEA is likely already existed in the as-milled TisV3s(CrMnFe)so. However, the ¢ phase
peak is overlapped in the XRD pattern of the as-milled TisV3s(CrMnFe)so HEA, attributed to
the low crystallinity and significant broadening of the BCC peak after ball milling [35].
Therefore, it is inferred that the ¢ phase already exists in the alloy after ball milling. The rest
of HEAs are primarily composed of BCC, Laves, and FCC (Fm-3m (225), JCPDS 04-0783)
phases after heat treatments, with the FCC phase originating from the decomposition of the
BCC phase (after first fluctuation in DSC curve). As the HT temperature increases from 600°C
to 900°C, the peak intensity of the FCC in the heat-treated TizsV3s(CrMnFe)so HEA
significantly decreases (Fig 5.5 d). This is attributed to the partial precipitation of Laves-2 from
the FCC phase in the alloy (around the temperature range that is corresponded to the second
peak in the DSC curve), the exitence of Laves-2 to is further confirmed by subsequent SEM
observations. Notably, a small amount of FCC in the TiisV3s(CrMnFe)so HEA, but the
fluctuations are identified in the DSC curve of the as-milled Tii5V3s(CrMnFe)so HEA. This
may be due to the inhomogeneous lattice strain in the HEA causing a very minimal amount of

BCC decomposition, which is not detectable using DSC.
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Table 5.3 Refinement data of the Tis+xV3s(CrMnFe)eox (x =0, 10, 20, 30) HEAs heat

treated at 900 °C.
Lattice
Alloys Phases Content (Wt%) Rwe (%)
parameters (A)
BCC 59.82 a=2.901
Ti5V35(CrMnFe)
¢ (P42/mnm) 35.09 a= 8.913/c=4.604 7.65
60
Laves-1 5.09 a=5.201/¢=7.750
BCC 89.20 a=2.909
Ti15V35(CrMnFe
FCC 2.68 a=3.722 2.61
)s0
Laves-1 8.12 a=4.929/c¢=8.233
BCC 63.78 a=2.932
Ti2sVis(CrMnFe
FCC 24.05 a=3.735 7.03
)40
Laves-1 12.20 a=5.082/c=8.121
BCC 46.58 a=2.991
FCC 30.31 a=3.755
Ti3sV3s(CrMnFe 14.01
)30
Laves-1 14.78 a=5.165/¢=8.203
Laves-2 8.33 a=4.977/¢=9.037

Fig 5.6 illustrates the backscattered electron image (BSE) of the Tis+V35(CrMnFe)so-x HEAs

after HT at 900°C. There are at least three regions with varying grayscale intensities in the
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heat-treated HEAs, which can be attributed to the differences in average atomic number (Z

number) of different phases [227]. This suggests that the heat-treated HEAs consists of at least

three chemically distinct phases. Table 5.4 lists the proportions of the constituent elements

(at%) in different regions, marked with different letters (Fig 5.6). After heat treatment, the

crystal size of the alloy remains at the nanoscale.

Table 5.4 The EDS results of the Tis«~V3s(CrMnFe)sox (x =0, 10, 20, 30) HEAs heat

treated at 900 °C (at %).

Alloy Area Ti \4 Cr Mn Fe
=0 A 5.14 (0.1) 39.72 (0.5) 18.65 (0.2) 16.49 (0.3) 20.00 (0.2)
B 4.85 (0.1) 33.16 (0.3) 18.64 (0.2) 18.83 (0.2) 24.52 (0.2)
C 4.90 (0.1) 34.31 (0.2) 20.32 (0.2) 18.20 (0.2) 22.27 (0.3)
x=10 A 14.68 (0.2) 35.02 (0.3) 16.87 (0.3) 16.15 (0.3) 17.28 (0.2)
B 15.91 (0.2) 33.95 (0.3) 16.39 (0.4) 16.36 (0.2) 17.39 (0.3)
C 18.30 (0.2) 33.24 (0.3) 16.07 (0.2) 16.01 (0.2) 16.38 (0.3)
x=20 A 22.70 (0.2) 35.24 (0.4) 14.29 (0.2) 14.52 (0.3) 13.25 (0.3)
B 25.43 (0.2) 33.52 (0.2) 13.22 (0.2) 13.98 (0.3) 13.85 (0.3)
C 28.54 (0.4) 31.91 (0.3) 12.59 (0.2) 13.87 (0.2) 13.09 (0.4)
x=30 A 32.81 (0.3) 36.94 (0.3) 10.36 (0.3) 9.87 (0.2) 10.02 (0.3)
B 35.07 (0.3) 33.45 (0.3) 10.16 (0.3) 10.33 (0.2) 10.99 (0.3)
C 37.03 (0.3) 32.64 (0.3) 9.18 (0.3) 9.98 (0.2) 11.17 (0.2)
D 38.89 (0.4) 33.26 (0.3) 9.51 (0.1) 8.85(0.2) 9.49 (0.1)
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Fig. 5.6 The Back-scattered Electron images of the Tis+~V35(CrMnFe)so-x (x = 0, 10, 20,
30) HEAs heat treated at 900 °C. (a), (b) x=0; (¢), (d) x=10; (e), (f) x=20; (g), (h) x=30.
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By comparing the refined phase proportions in Table 5.3 and Fig 5.6 (a) and (b), it can be
determined that region A in the TisV3s(CrMnFe)so HEA corresponds to the BCC, region B
corresponds to the ¢ ((P42/mnm), and region C corresponds to the Laves-1. Fig 5.6 (c¢) - (h)
depict the microstructures of the Tis«~V3s(CrMnFe)sox (x = 10, 20, 30) HEAs, and it can be
observed that their overall microstructures are similar. It is determined that region A
corresponds to the BCC, region B corresponds to the FCC, and region C corresponds to the
Laves-1. It is noteworthy that in region B (FCC) of Fig 5.6 (h), some precipitate phases are
observed, which are attributed to the Laves-2, consistent with the trend observed in the XRD
data. After heat treatment, the elemental compositions among different HEAs exhibit consistent
trends. Specifically, the V content in the BCC is relatively higher compared to other elements;
in the FCC, Ti content is higher than in BCC but lower than in the Laves. Within the Laves
phase, the titanium content is the highest among all structures. The variation in Ti content
within the same alloy can be attributed to the decomposition of the initial BCC. After
decomposition, the Ti content decreases and the V content increases in the resulting BCC
structure, leading to a reduction in the average atomic size of the alloy and consequently a
decrease in the lattice parameter of the decomposed BCC. However, due to the differing initial
Ti content in the alloys, the lattice parameters of the various structures exhibit higher values in

alloys with higher initial Ti content.

Fig 5.7 presents the TEM analysis of the Ti3sV3s(CrMnFe)3o HEAs after heat treatment. From
the elemental distribution map in Fig 5.7 (b) and (g), it is evident that the alloy consists of four
distinct phase regions: region A with higher V content, region B with relatively uniform Ti, V
distribution, region C with relatively high Ti content, and region D with the highest Ti
enrichment. To confirm further the types of phases in each region, corresponding selected area
electron diffraction (SAED) patterns were obtained. The SAED patterns confirm that phase A
corresponds to the BCC, phase B corresponds to the FCC, phase C corresponds to the Laves-
1, and phase D corresponds to the Laves-2, which is consistent with the observations from the

backscattered electron and XRD data.
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Fig 5.7 The TEM characterization of Ti3sV3s(CrMnFe)so HEAs after heat treated at

900 °C. (a) bright field image; (b) EDS element distribution overlap image; (c) - (f)
SAED pattern of the different points marking from (a) and (b); (g) the EDS element

distribution mappings

Based on the analysis above, it is observed that when x = 0, a significant amount of 6 (P42/mnm)
is detected in the alloy after heat treatment, a phenomenon not observed in other alloys after
heat treatments. This is attributed to the abundant presence of chromium (Cr) and iron (Fe)
elements in the alloy with x=0, coupled with their relatively low entropy values (1.47 R),
facilitating the formation of Cr-Fe o structure (JCPDS 65-4528) [228, 229]. Conversely, with
an increase in titanium (Ti) content, and a corresponding decrease in Cr and Fe content, along

with an increase in the overall entropy of the alloy (Table 5.1), subsequent alloys do not exhibit
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o (P42/mnm) structure. From Fig 5.5 and Table 5.4, it can be inferred that at the same
temperature (600°C or 900°C), the content of FCC and Laves increases while the BCC
decreases with increasing Ti content (x=10, 20, 30). The slight increase in the Laves can be
attributed to the presence of stabilizing elements Ti [17, 22, 230], which promotes the formation
of the Laves phase. Additionally, the increased Ti content leads to higher overall lattice (atomic)
distortion in the alloy, thereby reducing the stability of the initial BCC. This results in the
decomposition of the BCC and an increase in the content of the FCC. Furthermore, by
observing the DSC curve, it can be noted that as the Ti content increases from 25 at% to 35
at%, the first fluctuation (BCC decomposition) temperature of the alloy decreases, and an
exothermic peak appears around 700 °C for the first time. These observations provide further
evidence that the increase in Ti content leads to a decrease in the stability of the alloy phases.
From Fig 5.6 and Table 5.4, it can be observed that the variation of phases in the alloy is
consistent with the observations from XRD patterns. Furthermore, the decomposition phases
are mostly accompanied by fluctuations in the Ti element. This can be attributed to the Ti has
the largest atomic radius (146.15 pm), the lattice (atomic) distortion is primarily caused by

changes in Ti content.

[ BCC Laves-1 @ Laves-2

2

Fig 5.8 Schematic illustrations of phase transition of as milled HEAs at high

temperature and different titanium contents

The phase evolution of the as milled HEAs can be summarized into four stages: (1) With the
increase in temperature, the pre-existing Laves phases in the alloy grows; (2) With the increase
of Ti element content and temperature, the BCC phase decomposes; (3) With further increase

in temperature or Ti element content, the FCC phase content increases; (4) At high
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temperatures, with an increasing Ti element content, the Laves-2 phases precipitates from the

FCC phase.
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5.3 Hydrogen storage performance

Fig 5.9 (c)-(f) depict the hydrogen absorption activation curves of Tis+xV3s(CrMnFe)so-x (x =
20, 30) HEAs before and after heat treatments. It can be observed that all alloys require only
two absorption/desorption cycles to complete the hydrogen activation process. This is
significantly better than similar alloy compositions reported in the literature, which usually
require 4 to 5 cycles to be fully activated [29, 36, 231]. Due to the extremely low hydrogen
absorption capacity of the alloy (x=0, 10) during activation, and it’s almost negligible hydrogen
absorption capability at room temperature after activation (shown in Fig 5.9 a and b), those
alloys are not discussed in this section. This may be attributed to the low content of A-type
elements (i.e., hydrogen-affinitive elements) in the alloy composition, which reduces the
overall affinity of the alloy for hydrogen and is therefore unfavorable for effective hydrogen

storage and the formation of metal hydrides.

Fig. 7. (e) and (f) illustrate the hydrogen absorption/desorption kinetics curves of the
Tis+xV35(Cr, Mn, Fe)sox alloy under different conditions. Before heat treatments, the alloy with
x=30 exhibits the maximum hydrogen absorption capacity, reaching 1.21 wt%, compared to
0.78 wt% for x=20. However, the alloy’s desorption capacity is greater when x =20 (0.38 wt%)
compared to when x = 30 (0.34 wt%). This is because the alloy with x = 30 contains more A-
type (hydrogen-aftinitive) elements Ti, which lowers the overall electronegativity of the alloy
and strengthens its affinity for hydrogen, making hydrogen absorption easier and increase the
storage capacity. Conversely, hydrogen desorption becomes more difficult. After heat
treatment, a decrease in the maximum hydrogen storage capacity of the alloy (x=20, 30) is
observed. This phenomenon is attributed to the decomposition of the initial BCC structure and
its reduced fraction after heat treatment. Structural analysis indicates that the lattice constant
of the BCC phase decreases upon annealing, which leads to a reduction in the available
interstitial volume within the lattice. This decrease in interstitial volume may reduce the

stability of hydrogen atoms in the structure. [20, 232].
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Fig 5.9 Activation hydrogen absorption curve of as-milled Tis+xV35(CrMnFe)so-x HEASs:

(a) x=0; (b) x=10; (c) x=20; (d) x=30; (e) and (f) x = 20 and 30 after heat treatment at

900 °C respectively; (g) and (h) The hydrogen absorption/desorption curve at room

temperature of the x = 20, 30 HEAs under different conditions
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Since the hydrogen storage capacity of x=20 is relatively low before heat treatment, the alloy
almost loses its hydrogen storage capacity after heat treatment. It is noteworthy that alloy x=30
exhibits a slight increase in hydrogen desorption capacity (0.46 wt%) after heat treatment,
which can be attributed to two factors: (1) the reduction in the lattice constant of the BCC
structure leads to a decrease in the atomic spacing within the alloy, thereby reducing the
stability of hydrogen atoms within the lattice and making it easier for hydrogen atoms to
dissociate from the lattice; (2) the decomposition of the BCC after heat treatment results in

an increase in the number of phases within the alloy. The synergistic effect among these phases

enhances the hydrogen desorption performance of the alloy[36, 49].
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Fig 5.10 Room temperature PCT curves of as-milled Tis+V3s(CrMnFe)eo-x (x = 20, 30)

HEAs, and x=30 after heat treated
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Fig 5.10 (a) shows the room temperature hydrogen absorption/desorption PCT curve of the
Tis+xV3s5(CtMnFe)so-x (x = 20, 30) alloy and x=30 alloy after heat treatment. It can be clearly
observed that the hydrogen absorption/desorption capacities of the alloy are close with the
results of hydrogen storage kinetics tests. The alloys are capable of hydrogen absorption lower
than 0.001 MPa hydrogen pressure, indicating that the alloy may start absorbing hydrogen at
extremely low pressures, which are below the detection limit of the instrument, which has been
observed in numerous studies [35, 233] Additionally, it is observed that compared to traditional

hydrogen storage materials, there is a lack of a distinct plateau pressure [26, 33, 233].
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Fig 5.11 The hydrogenation/dehydrogenation XRD patterns of the as-milled alloy: (a)

x=20; (b) x=30; (c) 900°C heat treated alloy (x=30)

Fig 5.11 presents the XRD patterns of the alloys after room temperature hydrogen
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absorption/desorption, and the lattice parameters are summarized in Table 5. Following
hydrogen absorption, a leftward shift in the alloy's XRD patterns is evident, accompanied by
an increase in the respective lattice parameters, attributed to lattice expansion during
hydrogenation [224]. It is worth noting that the XRD patterns of the as-milled alloys after
hydrogen absorption shows obvious changes in the BCC peak, indicating the predominant
hydrogen absorption phase as the BCC. This elucidates the significant fluctuations in hydrogen
absorption observed with variations in BCC phase content and lattice constants. Furthermore,
the XRD patterns after hydrogen absorption does not unveil the presence of BCT or FCC,

implying the alloy's incapacity to form stable metal hydrides.

Table 5.5 Phase lattice parameters of hydrogenated/dehydrogenated of

Tis+xV35(CrMnFe)sox (x = 20, 30) as-milled HEAs and heat-treated HEA (x=30).

Alloy abcc/fec (A) a Laves (A) € laves (3) Rwp (%)
x=20 2.987° 4.905 7.930 3.91
x=30 3.093> 4.935 8.101 6.08
Hydrogenated =30

(Heat  3.040°/3.787% 5.2071/5.016 8.242'1/9.069'* 10.87

treated)
x=20 2.971° 4.869 7.887 3.79
x=30 3.030° 4.879 8.071 5.32
Dehydrogenated =30

(Heat  2.993"/3.758" 5.1681/4.979'2 8.209'1/9.041'* 9.68

treated)

L1/L2: Laves-1 and Laves-2; b/f: BCC and FCC.

Through analysis of PCT curves (Fig.8 a) and XRD data (Fig. 8 c-d), it was observed that the
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HEAs did not display noticeable plateau pressures throughout the hydrogen
absorption/desorption processes, and changes were limited to lattice constants variations
among the phases without any phase transformations (BCT or FCC). This indicates that
hydrogen atoms solved within the lattice interstitially, where hydrogen atoms occupy
interstitial sites with varying potential energies, leading to a slope plateau [26, 233]. This solid
solution mechanism is particularly notable in HEAs, likely due to the complex interactions
among multiple elements. Several HEAs systems have observed such phenomena [231, 233-
235]. After heat treatment (x=30), the increased number of phases and the synergistic hydrogen
absorption/desorption effects among them result in a single slope plateau and increase in

plateau pressure, slightly enhancing the hydrogen desorption capacity of the alloy.
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5.4 Summary

In summary, our study on Ti5+xV35(CrMnFe)60-x (x=0,10,20,30) high-entropy alloys (HEAs)

revealed the following:

1.

After milling, the alloy consists predominantly of the BCC, accompanied by a small amount

of C14 Laves. The proportion of C14 Laves increasing with the increase of Ti content.

Thermal stability evaluation unveiled complex phase transformations during HT
(BCC+Laves-1 = BCC+FCC+Laves-1 — BCC+FCC+Laves-1+Laves-2), indicating the
dependency of phase stability on Ti content. Nanocrystalline structures are maintained post-

heat treatment.

Hydrogen absorption/desorption performance before HT primarily depend on the total A
(hydrogen affinity) elements content in the alloy. At x=20, absorption reaches 0.78 wt%,
and desorption reaches 0.38 wt%. At x=30, absorption reaches 1.21 wt%, with desorption

at 0.34 wt%.

After heat treatment, the reduction in lattice constant and content of the BCC led to a
decrease in the alloy's hydrogen storage capacity. However, its hydrogen desorption

capacity has slightly increased at x=30.
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6. Hydrogen ab/desorption behavior of the mechanical

alloyed Ti-V-Cr-Mn-Fe HEAs with varying Mn/Cr ratio

According to previous research [16, 48, 153], a higher valence electron concentration (VEC)
or electronegativity may lead to a reduction in the hydrogen storage capacity of the alloy. In
addition, excessive Fe content may promote the formation of Cl4-type (laves, H/M=1)
intermetallic compounds, which exhibit relatively low hydrogen storage capacity, thereby
reducing the overall hydrogen storage capacity of the alloy. [19, 20, 29]. Therefore, the Fe
content was deliberately kept at a minimum level in this study to minimize its potential adverse
effects on the hydrogen storage performance of the alloy. In addition, the ratio between Mn and
Cr was adjusted due to the significant difference in their atomic radii—Mn (135pm) having a
relatively larger atomic radius, while Cr (124.91pm) is smaller. By varying the Mn/Cr ratio,
the lattice constant of the alloy can be effectively tuned, which in turn influences the crystal
structure and hydrogen storage performance. This study builds upon our previous research
(chapter 5) by systematically adjusting the Cr (124.91pm) and Mn (135pm) content in
Tiz5V3s(CrMnFe)so alloys to investigate their effects on hydrogen storage performance. By
fixing the elements on the A side (Ti and V) and adjusting the proportions of Mn/Cr, we
investigated the hydrogen storage performance, kinetics performance of the mechanically
alloyed Ti3sV3sCraoxMnsixFes (x=0, 5, 10, 15) HEAs, and systematically explored the
influence of varying Mn/Cr content on the phase structure and the optimization of hydrogen

storage properties of the as-milled HEAs.

Partial contents in this chapter have been published in the journal:

Y.T. Zhai, Y M. Li, Z.C. Liu, L. Bolzoni, J. Kennedy, F. Yang, Hydrogen ab/desorption
behavior of the mechanical alloyed Ti-V-Cr-Mn-Fe HEAs with varying Mn/Cr ratio,
International Journal of Hydrogen Energy, Volume 109, 2025, page 1008-1022.

https://doi.org/10.1016/j.ijhydene.2025.02.139.
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6.1 Phase composition and microstructure of Ti3sV3sCrzo.xMnsFes (x =

0, 5, 10, 15)

Fig 6.1 depicts the X-ray diffraction (XRD) patterns of the as-milled T35V35Cr20.xMns+xFes (x
=0, 5, 10, 15) HEAs. These four alloy compositions exhibit a combination of body-centered
cubic (BCC) and a small amount of C14 Laves. The phase proportions and lattice parameters
were determined through Rietveld refinement analysis using the MAUD software [202], as
presented in Table 6.2 The XRD results indicate that the addition of Mn elements suppresses
the formation of the C14 Laves. Conversely, with an increase in Cr content, the corresponding
number of C14 Laves peaks gradually increases. This phenomenon is attributed to the addition
of Cr, which leads to increased lattice distortion (8) and a higher formation enthalpy (AHmix)

(as shown in Table 6.1).

I .
(a) ® BCC | TigsV35CryoMnsFes (b) + Measured
& Laves ; — TigsV35CrysMnyoFeg — Calculated
— TigsV35CryoMnysFes Difference
. : —— TigsV45CrsMnyoFes BCC
I Nk o * ® | Laves
A o~

Intenisity (a.u.)
3
e =
°
P
°
Intensity (a.u.)

I

w
o
EN
o
(4]
o

60 70 80 30 40 50 60 70 80 90
20 (°) 26 (°)

Fig 6.1 (a) XRD patterns of the as-milled Ti3sV3sCr20xMns«~Fes (x =0, 5, 10, 15) HEAs;

(b) Rietveld refinement of representative of Ti3sV3sCroMnsFes HEA
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Table 6.1 Calculated thermodynamic and geometric parameters of Ti3sV3sCr2o-

xMns+Fes (x =0, 5, 10, 15) HEAs.

AHmix
HEAs VEC Q 0 (%) 7 (pm)
(kJ/mol)
Ti35V3s5Cr20MnsFes (Cr20Mns) -4.71 5.1 4.89 6.35 135.07
Ti3sV3sCrisMnioFes (CrisMnw) -4.4 5.15 5.32 6.09 135.57
Ti3sV3sCrioMnisFes (CrioMnis)  -3.95 5.2 5.83 5.79 136.08
Ti3sV3sCrsMn2oFes (CrsMn2o) -3.63 525 6.53 5.46 136.58

The elevated formation enthalpy and greater lattice distortion promote the formation of
intermetallic compounds, resulting in a slight increase in the content of the Laves phase in the
alloy [236]. Furthermore, with the increase in Mn content, the main peak of the BCC gradually
shifts to the left. This corresponds to the gradual increase in the BCC lattice parameters, as
presented in Table 6.3, due to the substitution of small Cr (124.91pm) atoms by large Mn
(135pm) atoms. In this study, the crystallite size was calculated by combining X-ray diffraction

(XRD) data with the Scherrer formula. The Scherrer formula is expressed as follows:

D Kx* A
~ B*cos@

Among those :D is the crystallite size (nm); K is the shape factor, which is usually taken as 0.9;
A is the wavelength of the X-ray, and in this study, Cu-Ka radiation with a wavelength of
0.15406 nm was used; B is the full width at half maximum (FWHM) of the main peak; 0 is the

Bragg angle of the main peak (show in Table 6.2).
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Table 6.2 Specific parameters main peak of the bece phase and crystallite size for

different HEAs
Crystallite size
Alloys 20 (°) FWHM (°)

(mn)
CrsMn2o 41.58 1.26 6.74
CrioMnis 41.87 1.56 5.46
CrisMnio 42.22 1.61 5.31
Cr20Mns 42.36 1.73 4.93

The crystallite sizes calculated using the Scherrer formula are presented in Table 2, with the
specific formula and parameters detailed in Table 6.2. The results indicate that as the overall
lattice distortion (8) of the alloy increases, the crystallite size decreases. This may be attributed
to the larger lattice distortion impeding atomic diffusion, thereby facilitating the formation of
finer crystallites [158, 237]. Furthermore, the average particle size (Dso) of the alloy powders
prepared via mechanical alloying is below 25 pum (morphology and particle size distribution of
each alloy are illustrated in Fig. 6.2), which can be attributed to the unique advantages of the

mechanical alloying process [238, 239].
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Fig. 6.2 Particle morphology and particle size distribution (detect by Malvern
Panalytical Mastersizer 3000) of different HEAs: (a) CrSMn20; (b) Cr10Mn15; (¢)

Cr15Mn10; (d) Cr20MnS

Fig 6.3 presents the backscattered electron (BSE) images and chemical element distribution
maps of the as-milled T35V3sCraoxMns«Fes (x = 0, 5, 10, 15) HEAs. The elemental
compositions of these HEAs are listed in Table 3. The elemental distribution mappings reveal
the composition distributions are homogeneous in the alloys. The actual chemical compositions
of the alloys are closely approximate their nominal compositions, and minor disparities are
discernible between the actual and nominal chemical compositions. Notably, in the
backscattered electron images of the alloy (Fig. 6.3), no distinct phase structures are observed.
This may be due to the low concentration of the Laves phase (Table 6.4). Additionally, during
the mechanical alloying process, the severe plastic deformation and mechanical impacts

induced by high-energy ball milling result in significant crystal structure distortion and the
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formation of extremely fine nanocrystals, making the identification of phase structures by SEM
highly challenging [240, 241]. This also align with the results we reported previously that the
as-milled HEA alloy can maintain nanostructure even after heat treatment at high temperatures

[58].

Table 6.3 Refinement data of the T35V3sCr20xMns+Fes (x =0, 5, 10, 15) HEAs.

Crystallite
Alloys Phase Space group wt% Lattice constant(A) Rwp%
size (mn)
BCC Im-3m (229) 92.38 a=3.017 4.93
Cr20Mns : 6.45
Laves P63-mcc (194) 7.62 a=4.836/c¢=7.938 -
BCC Im-3m (229) 94.61 a=3.020 5.31
CrisMnio 6.83
Laves  P63-mcc (194) 5.39 a=4.848/c=7.977 -
BCC Im-3m (229) 96.59 a=3.025 5.46
CrioMnis 6.99
Laves P63-mcc (194) 341 a=4.898/¢=8.021 -
CrsMn» BCC Im-3m (229) - a=3.034 6.74 5.88
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Fig 6.3 BSE/EDS maps of the as-milled T35V3sCr20xMns«~Fes (x =0, 5, 10, 15) HEAs

Table 6.4 Represents the measured at% values of each element present in the as-milled

T35V35Cr20xMns+Fes (x =0, 5, 10, 15) HEAs.

Alloy Ti \4 Cr Mn Fe
Cr20Mns 35.53 34.77 19.77 4.98 4.95
CrisMnio 35.67 34.85 14.82 9.98 4.68
CrioMnis 35.56 34.92 10.16 14.49 4.87
CrsMna2o 35.85 34.94 4.79 19.53 4.89
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Fig 6.4 TEM characterization of as-milled Ti3sV35Cr20MnsFes (Cr20Mns) HEA: (a)
bright-field image; (b) high-resolution TEM image (FFT image of red frame); (c) SEAD

pattern; (d) the element distribution mappings

In order to explore more details of the microstructure present in the alloys, TEM investigation
have been performed. Fig 6.4 presents the TEM analysis of the CrooMns high-entropy alloy.
Fig 6.4 a and b reveal the presence of numerous nanocrystalline structures within the alloy,
with sizes ranging approximately 10 nanometers and exhibiting irregular shapes. Additionally,
it is confirmed that the alloy is predominantly composed of a BCC structure after ball milling.
However, it is noteworthy that the Laves structure remains difficult to observe under TEM,
which could be due to its low content or the inherent limitations of the TEM observation range.
Fig 6.4 d further illustrates that the elemental distribution in the as-milled HEA is uniform, with
no elemental segregation regions observed, and the elemental composition matches to the

designed composition. These findings are consistent with those observed under SEM.

117



6.2 Hydrogen activation performances
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Fig 6.5 The first hydrogen absorption high-pressures (Hz) differential scanning
calorimetry (HPDSC) curve of T35V35Cr20-xMns«~Fes (x =0, 5, 10, 15) HEAs.
Fig 6.5 a present the DSC curves for the initial hydrogen absorption of the fabricated HEAs
under a 3 MPa hydrogen atmosphere. It is evident that as the Cr content increases, the optimal
temperature for initial hydrogen absorption decreases. This suggests that the addition of Cr
improves the alloy's initial activation performance. Fig 6.6 (a) - (d) shows the activation curves
for the fabricated HEAs. It can be observed that as the Mn content gradually increases, the
initial hydrogen absorption during activation slightly increases. This is attributed to the
substitution of smaller atoms (Cr) with larger atoms (Mn), results in an increase in the lattice
constant of the HEAs. As lattice constant increases, the unit cell volume expands accordingly,
providing more interstitial space for hydrogen atoms. This alleviates the repulsive interactions

between hydrogen atoms within the lattice, thereby enhancing their thermodynamic
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stability[242, 243]. Furthermore, all four alloy compositions achieved their maximum
hydrogen absorption capacity during the first activation. After three activations, the hydrogen
absorption capacity is slightly lower than the first activation, attributed to the formation of
relatively stable hydrides during hydrogen absorption and they cannot be fully decomposed

during the 2-hour vacuum treatment at 300°C.
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Fig 6.6 The activation curve of T35V3sCr20xMns«Fes (x =0, 5, 10, 15) HEAs

119




6.3 Hydrogen ab/desorption capacity of T35V3sCr2oxMns«~Fes (x =0, 5,

10, 15) HEAs

Fig 6.7 shows the hydrogen absorption/desorption curves of the TizsV35Cr20xMnsFes (x =0,
5, 10, 15) alloy after activation at different temperatures. From Fig 6.7 (a) - (¢), it can be
observed that as the Mn content increases, the overall hydrogen absorption capacity gradually
increases. The hydrogen absorption capacities of CryoMns, CrisMnjo, CrioMnis, and CrsMnag
at room temperature are 1.08 wt%, 1.12 wt%, 1.23 wt%, and 1.39 wt% (show in Table 6.5),
respectively. This phenomenon is caused by two factors: (1) The addition of Mn increases the
BCC content and decreases the Laves content. Since the theoretical hydrogen storage capacity
of the BCC (~ 4wt% [48]) is larger than the Laves (~ 1.8wt% [22]), the overall hydrogen
storage capacity of the alloy increases; (2) The lattice constant of the BCC structure increases,
resulting in an increase in the unit cell volume. This provides more space, increasing the
distance between hydrogen atoms, reducing their mutual repulsion in the lattice, thus allowing
more hydrogen atoms to be accommodated within the lattice [20, 244, 245]. Comparing
hydrogen absorption capacity at various temperatures reveals that absorption capacity
decreases with increasing the temperature. This phenomenon occurs because hydrogen
absorption is an exothermic reaction, and elevated temperatures will inhibit the reaction [36].
Conversely, hydrogen desorption is an endothermic reaction, thus higher temperatures

facilitate the desorption process, resulting in an increased of hydrogen desorption capacity [52].
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Fig 6.7 Hydrogen absorption and desorption curves of the alloy at different

temperatures: (a), (d) room temperature; (b), (e) 50°C, (¢), (f) 75°C.
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Table 6.5 Hydrogen absorption/desorption capacity of T35V35Cr20xMns+Fes (x =10, 5,

10, 15) HEAs at different temperature.

Capacity Temperature
HEAs

(wWt%)  Room temperature 50°C 75°C
Abs 1.08 1.03 0.98

Cr20Mns
Des 0.26 0.27 0.29
Abs 1.12 1.06 1.01

CrisMnio
Des 0.3 0.31 0.33
Abs 1.23 1.13 1.06

CrioMnis
Des 0.38 0.40 0.41
Abs 1.39 1.27 1.12

CrsMn2o
Des 0.40 0.42 0.45

6.4 Hydrogen storage kinetic performances

The hydrogen absorption process is typically divided into two stages. The first stage is
controlled by surface reactions and interfacial processes [236, 246]. The second stage involves
the nucleation and growth of the metal hydrides [127, 247]. Fig 6.8 presents the fitting results
of different models applied to various stages of the hydrogen absorption process of the CrsMnyg
HEA at room temperature. It is evident that the degree of fit varies among models. Detailed
formulas for each model can be found in Table 2.1 of Chapter 2. By comparing the R? values
from the fitting results, it is clear that the Hirooka's first-order kinetic equation provides the
highest R? (0.9741) value for the first stage of hydrogen absorption, indicating that this model
most accurately reflects the alloy’s behavior during this stage I. In contrast, the JMAK equation
achieves the best fit (R?=0.9608) for the second stage of hydrogen absorption. Consequently,
to maintain consistency across experiments, the Hirooka's first-order kinetic equation will be
used for fitting the first stage, while the IMAK equation will be applied to the second stage of

hydrogen absorption in subsequent analyses at various temperatures.
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Fig 6.8 The corresponding fittings model of the hydrogenation kinetics by different

hydrogenation stages
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In this study, Hirooka's first-order kinetic equation to analyze the hydrogen absorption kinetics

during the first stage. The specific equation is as follows [246]:

—In(1—-—a) =kt 1)

Where « is the reaction fraction at time t; ¢ is the time k is the reaction rate constant, which
characterizes the hydrogenation reaction rate parameter. The second stage of hydrogen
absorption in the alloy was fitted using the JMAK (Johnson-Mehl-Avrami-Kolmogorov)

equation. The specific equation is as follows [127]:

oa=1-—exp (—kt)" 2)

In[—In(1 — a)] = nint + nlnk 3)

Where a is the reaction fraction at time t; k is the reaction rate constant, which characterizes
the hydrogenation reaction rate parameter; 1 is the Avrami exponent, indicating the complexity
of the reaction. It can be observed that the different stages of hydrogen absorption at each
temperature are well-fitted by the different equations. The specific fitting results are shown in

Fig 6.9
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Fig 6.9 The fitting curve of different stages by Hirooka's first-order kinetic equation (a,
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To analyze the activation energy of T3sV3sCraoxMnsixFes (x = 0, 5, 10, 15) during the
hydrogenation reaction, linear fitting is performed using the Arrhenius equation based on the
Hirooka's first-order kinetic equation and JMAK equation fitting. The linear relationship of Ink
with 1000/RT is obtained, and the activation energy (E.) of each alloy is determined by

calculating the slope of the curve. The Arrhenius equation is given by Equation [248]:

E

k = Ae ®r 3)
Ink = -2 + InA 4
nk=—--—+In 4)

where k is the rate constant, A is the pre-exponential factor, Ea is the activation energy, T is
the temperature and R is the universal gas constant (8.314 kJ/mol). The specific fitting results

are shown in Fig 6.10.
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By comparing the absorption activation energies (E.) of the same alloy at different stages, it
can be observed that the nucleation and growth of the metal hydrides (Stage II) has the highest
activation energy (show in table 6.6), indicating that this stage is the rate-limiting step in the
hydrogen absorption process [233]. Additionally, comparing the activation energies of different
alloys reveals that the activation energy in the stage I decreases with increasing Cr content.
This suggests that the addition of Cr enhances the surface reactions and interfacial processes
[249, 250]. This is because the addition of Cr increases the content of the second (C14 Laves)
phase (show in Table 6.3), and the presence of more second phase in the alloy facilitates the
initiation and propagation of cracks during hydrogenation [49]. These cracks between the
phases serve as diffusion pathways for hydrogen atoms, enhancing the kinetic performance
during the first stage [251]. During the second stage of hydrogen absorption in the alloy, the
activation energy gradually increases. This phenomenon can be attributed to the increase in
overall lattice distortion () of the alloy (show in Table 6.1), which disrupts the high symmetry
of interstitial sites [252], and alter the diffusion pathways of hydrogen atoms within the crystal
structure, slowing hydrogen accumulation and inhibiting the nucleation and growth of metal

hydrides [253, 254].

Table 6.6 The activation energies of Ti3sV3sCr20xMns«~Fes (x =0, 5, 10, 15) HEAs.

Activation energies (kJ/mol)

Alloys
Ap (stage I) Abp(stagell) De
CrsMn2o 12.15 15.05 -19.93
CrioMnis 10.55 26.19 -16.11
CrisMnio 6.71 34.74 -15.87
Cr20Mns 5.03 39.26 -14.76

PS: The positive and negative signs in the table are used solely to distinguish between the

hydrogenation and dehydrogenation processes of the HEAs.
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Fig 6.11 illustrates the hydrogen desorption kinetics analysis of the T35V35Cr20.xMns+xFes (x =
0,5, 10, 15) alloys. Typically, only a single stage is observed, as the desorption process is more
rapidity than desorption process [52, 124, 255]. It can be seen that the desorption process at
each temperature is well-fitted by the JIMAK equation. The specific fitting results are shown in
Fig 6.11 (a) to (b). From Fig 6.11 (e), the hydrogen desorption activation energies (Eq) for
CrsMnyo, CrioMnjs, CrisMnjo, and CroMns are -19.93 kJ/mol, -16.12 klJ/mol, -15.88 kJ/mol,
and -14.76 kJ/mol, respectively. The clear trend is that with the increase in Cr content, the
dehydrogenation activation energy decreases. This is because that the lattice constant of the
HEAs decreases as the Cr content increases. As the lattice constant decreases, the distance
between hydrogen atoms also decreases, which increases the repulsive force between hydrogen
atoms [244]. Additionally, the reduction in the lattice constant leads to a decrease in the stability
of hydrogen atoms within the crystal structure [256]. These factors collectively make the
dehydrogenation reaction easier to occur, thereby reducing the energy required for hydrogen

atom desorption.

Table 6.7 summarizes the activation energy for hydrogen absorption/desorption in various
multi-component hydrogen storage alloys primarily based on the different fabrication process
and main phase (structure) of the alloys content (> 90%). High-entropy alloys (HEAs)
fabricated by mechanical alloying exhibit significantly lower activation energies compared to
other alloys. This is due to the mechanical alloying process, which creates a roughened surface
[238], increasing specific surface area and providing more absorption sites and potential active
centers [257]. Additionally, the intense plastic deformation, repeated fracturing, and welding
during the high energy ball milling process result in the formation of nanocrystalline structures
[258], which facilitate the hydrogen absorption and desorption processes in the alloy [259].
Consequently, hydrogen storage alloys produced through mechanical alloying exhibit excellent
activation performance and lower hydrogen absorption/desorption activation energies. This
makes mechanically alloyed hydrogen storage alloys highly promising as catalytic materials

for traditionally difficult-to-activate hydrogen storage alloys [241, 260].
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Fig 6.11 The relationship between In (-In (1-a)) and In (t) in the process of hydrogen
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Table 6.7 The summary of hydrogen absorption/desorption activation energy (Ea) of

different hydrogen storage alloys

Activation energy Main
Fabricatio
Alloys (kJ/mol) structur  Ref.
n process
Ea (stage I) Ea (Y

This
CrsMn2o 12.15 -19.93 BM BCC stud

y
This
CrioMnis 10.55 -16.11 BM BCC stud

y
This
Cri1sMnio 6.71 -15.87 BM BCC stud

y
This
Cr20Mns 5.03 -14.76 BM BCC stud

y
Ti3sV3sCrioFe1oScio - -50 AM BCC [242]
Ti35V35CrioFe1o0Niio - -66 AM BCC [242]

(Ti 325 V275 Zr 7.5 Nb 32.5)0.97Nio.
36.12 - AM BCC [49]
03
(Ti 325V 275 Zr 7.5 Nb 32.5)0.94Ni
24.41 - AM BCC [49]
0.06

Ti25V30Nb10Cr3sMo:z - -55.85 AM BCC [255]
Ti25V30Nb10Cr3zMoz - -44.21 AM BCC [255]
Ti25V30Nb10Cr33Niz - -93.8 AM BCC [124]
Ti25V30Nb10Cr31Nia - -28.5 AM BCC [124]
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6.5 Hydrogen storage thermodynamic performances

The PCT (Pressure-Composition-Temperature) curve is a crucial characteristic for evaluating
the thermodynamics performance of hydrogen storage materials. It provides valuable insights
into the stability of metal hydrides and the ease of hydrogen absorption/desorption in alloys.
Fig 6.12 (a) presents the PCT curves of the CrsMnxo HEA at various temperatures. It can be
observed that, regardless of the temperature, the as-milled HEA does not exhibit a stable
plateau pressure, indicating a specific characteristic of this alloy. This phenomenon is
frequently observed in high entropy alloys, due to the complex interactions among the
constituent elements [127, 234, 263]. However, the variations in the PCT curve can still provide
important information regarding the stability of hydrogen atoms within the crystal structure
and the ease of hydrogen absorption and desorption. Specifically, a lower PCT curve (towards
lower hydrogen pressures) suggests that hydrogen absorption is relatively easy while
desorption is more difficult. Conversely, a higher PCT curve indicates that hydrogen desorption
is relatively easy while absorption is more difficult [264]. Therefore, since hydrogen absorption
is an exothermic reaction and hydrogen desorption is an endothermic reaction, increasing the
temperature hinders hydrogen absorption in the alloy while facilitating hydrogen desorption,

leading to an overall upward shift (towards higher hydrogen pressures) of the PCT curve (Fig
6.12 a).

a) 10
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Fig 6.12 (a) The PCT curve of as-milled CrsMn20 HEA at different temperature; (b) the

PCT curve of as-milled Ti3sV3sCr20xMns+Fes (x =0, 5, 10, 15) HEAs at RMT
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Fig 6.12 b shows the PCT curve of the Ti35V35CroxMnsFes (x =0, 5, 10, 15) HEAs at room
temperature. It can be observed that as the Cr content increases, the PCT curve shifts
progressively towards higher hydrogen pressures. This indicates that hydrogen desorption
becomes easier while hydrogen absorption becomes more difficult. This is due to increased
lattice distortion and decreased lattice constant with Cr addition, reducing the stability of
hydrogen atoms in the crystal structure. Although thermodynamics and kinetics are distinct
concepts, the changes in the PCT curve with varying Cr content can indirectly reflect and

corroborate the trends in the hydrogen storage kinetics of the alloy.

6.6 Phase composition of hydrogenation/dehydrogenation
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Fig 6.13 Phase structure of HEAs before and after hydrogenation: (a) CrsMn2o; (b)
Cri10Mnis; (¢) CrisMnio; (d) Cr20Mns
The XRD patterns of the HEAs after hydrogen absorption/desorption process are shown in Fig

6.13, with the lattice parameters of each structure summarized in Table 6.8 From Fig 6.13, it
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can be observed that after hydrogenation, the XRD pattern of the alloy shifts significantly to
the left (move to small angle), and the lattice parameters increase is attributed to lattice
expansion during hydrogenation. The XRD patterns of the as-milled HEAs after hydrogen
absorption exhibit significant alterations in the BCC peak, indicating that the BCC is the
predominant hydrogen-absorbing structure. This clarifies the fluctuations in hydrogen
absorption observed with changes in the BCC content and lattice parameters. Notably, the XRD
patterns of the HEAs after hydrogen absorption do not exhibit the BCT or FCC structures. This
is due to the overall hydrogen absorption capacity of the alloy has not reached the levels
required for the formation of BCT (H/M=1~2wt%) or FCC (H/M=2~4wt%) structures [48].
The lattice parameters of the HEAs slightly increases after hydrogen desorption. This increase
may be attributed to the repeated expansion and contraction of the lattice or due to the presence

of a small amount of residual hydrogen atoms within the alloys [49, 124].

Table 6.8 Phase lattice parameters of hydrogenated and dehydrogenated HEAs

Alloy a bee (A) a Laves (A) C Laves (A) Rwp%
Hydrogenated CrsMna2o 3.142 - 6.32
CrioMnis 3.079 4.983 8.125 7.25
CrisMnio 3.067 4.918 8.047 6.85
Cr20Mns 3.055 4.906 7.973 6.82
Dehydrogenated CrsMn2o 3.062 - - 5.81
CrioMnis 3.037 4.921 8.069 7.62
CrisMnio 3.027 4.878 7.978 7.12
Cr20Mns 3.024 4.870 7.966 6.82
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6.7 Hydrogen absorption/desorption cycle performance

Fig 6.14 a and b illustrate the room temperature hydrogen storage cycling performance and the
phase structure after complete hydrogen desorption of the CrsMnyg alloy, respectively. As
shown in Fig 6.14 a, the hydrogen absorption/desorption performance of the alloy remains
unchanged after 10 cycles, which can be attributed to the alloy’s unique interstitial solid-
solution hydrogen absorption mechanism [35, 263]. The post-cycling XRD pattern (Fig.6.14 b)
reveals that the phase structure of the alloy remains stable after 10
hydrogenation/dehydrogenation cycles, with only a slight increase observed in the lattice
constant of the BCC structure. This minor lattice expansion may result from residual hydrogen

in the alloy structure or pulverization induced during the cycling process [265].
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Fig 6.14 The hydrogen absorption/desorption cycle performance (room temperature)
and the phase structure after cycle of CrsMn20 HEA
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6.8 Summary

In summary, our study on Ti35V3sCra0xMns+xFes (x =0, 5, 10, 15) high-entropy alloys (HEAs)
revealed the following:

1. The increase in Mn content effectively suppressed the formation of the C14 Laves phase
in the Ti3sV3sCra0xMns+xFes (x = 0, 5, 10, 15) high-entropy alloys, and increasing the BCC

phase content.

2. Increasing the Cr content enhances the initial activation performance of the HEAs,
reducing both the initial hydrogen absorption temperature, and the surface reactions and

interfacial processes activation energy.

3. Ti3sVisCraoMnsFes HEAs via mechanical alloying exhibited highest hydrogen storage
capacity (1.39wt%), easy activation and lower activation energy (Ea (stage 1) /Ea = 12.15/19.93
kJ/mol) for hydrogen absorption/desorption due to their nanocrystalline structures,
demonstrating their potential as catalytic materials for hydrogen storage alloys that are not easy

to activate.

4. Ti35V35CraoMnsFes HEA demonstrates excellent hydrogen absorption/desorption cycling
performance. After 10 cycles, both the hydrogen storage capacity and the phase structure

remain largely unchanged, primarily due to its unique interstitial hydrogen storage mechanism.
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7. Investigation of the influence of fabrication methods on the
phase structure, thermal stability, and hydrogen storage

performance of Ti2sV3s(CrMnFe)4 high entropy alloy

The differences in fabrication processes significantly impact the phase composition,
microstructure, and hydrogen storage performance of high-entropy alloys (HEAs). Mechanical
alloying (ball milling) and arc-melting are two commonly used methods [23, 24]. Mechanical
alloying typically refines the grain size, increases the specific surface area, and introduces
numerous lattice defects and distortions [25-27]. These characteristics theoretically enhance
the hydrogen storage performance of the alloys. However, numerous studies have shown that
despite the microstructural advantages of ball-milled alloys, their actual hydrogen storage
capacity is significantly lower than that of arc-melted alloys [28-30]. This phenomenon has not

yet been fully explored and understanded.

Therefore, this study systematically compares the phase composition, thermodynamic stability,
and hydrogen storage performance of the Ti2sV3s5(CrMnFe)so HEA with identical compositions
fabricated by ball milling and arc melting. The goal is to elucidate the effects of different
fabrication processes on the phase structure and hydrogen storage performance of the HEAs,

though integrating experimental investigations.

Partial contents of this chapter are being prepared for submission to this

journal:

Y.T. Zhai, YM. Li, L. Bolzoni, J. Kennedy, F. Yang, Investigation of different fabrication
methods on the phase structure, thermal stability, and hydrogen storage kinetic performance of

Ti25V35(CrMnFe)40 high entropy alloy, International Journal of Hydrogen Energy.
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7.1 Phase constitutions and Microstructure characterizations

The alloy was conducted with the assistance of CALPHAD calculations using the Thermo-
Calc software. The relationship between the calculated equilibrium phase fractions and
temperature is shown in Fig 7.1. The alloy primarily consists of the BCC and C14 Laves. When
the temperature exceeds 1050°C, the alloy mainly comprises the BCC. As the temperature
decreases, the C14 Laves gradually precipitates. At room temperature, the ratio of the BCC to

C14 Laves in the HEA is approximately 0.62:0.38.

1.0 4

0.8

0.6

Fraction

0.4

0.2 +

00 1 1 1 1 1 1 1
600 800 1000 1200 1400 1600 1800 2000

Temperature (°C)
Fig 7.1 Phase diagram of Ti2sV3s(CrMnFe)s0 HEA calculated by CALPHAD method
using Thermo-Calc software (TCHEAG6 database)
Fig 7.2 (a) shows the XRD patterns of TizsV3s(CrMnFe)so high-entropy alloys fabricated by
different methods (mechanical alloying and arc-melting). Table 7.1 lists the phase
concentrations and lattice constants and so on determined through Rietveld refinement analysis
[202]. It is evident from Fig 7.2 (a) and Table 7.1 that these two fabrication methods

significantly influence the phase composition and crystal structure of the alloys. Compared to
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the arc-melting process, the HEA fabricated by mechanical alloying exhibit significantly
reduced characteristic peaks of the Laves and broader peaks of the BCC structure, indicating
greater lattice distortion (show in Table 7.1). This is primarily because mechanical alloying
(ball milling) involves repeated high-frequency collisions, shearing, and cold welding of the
as-milled powders, and introduces a large number of deformation and internal stress in the
materials system, [266], thus promoting the formation of BCC solid solution phase and
suppressing the formation of secondary phases such as the Laves phase. This is a possible
reason to explain the distinct differences in phase composition observed between the ball-
milled alloys and those produced by arc melting, however, more detailed research in this regard
needs to be attended in the future. XRD peaks of the arc-melted alloy are narrower, indicating
higher crystallinity and less lattice distortion. The phase composition of the alloy closely
matches the theoretical calculations (show in Fig 7.1). This is due to the high temperatures
during the arc melting process, which facilitate sufficient atomic diffusion and rearrangement
[37], leading to a more stable crystal structure and the phase ratio that is more reached with

thermodynamics simulation.

(a) . Acr-melting (b) + Measured
As-milled — Calculated
e BCC 3 Difference
v Laves ]
- I Laves
3 -
El .
) s
@ =
3 2
= )
=
. e N
1T LTI 11 111l |
30 40 50 &0 70 80 90 y ) ' y ' y '
30 40 50 60 70 80 90
26 () 28 (°)

Fig 7.2 (a) The XRD patterns of HEAs fabricated by different method; (b) Rietveld

refinement of representative of arc-melting Ti2sV3s(CrMnFe)so HEA
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Table 7.1 Refinement data of the Ti2sV3s(CrMnFe)so HEA fabricated by different method

Lattice Strain
Alloys Structure Space group wt% Rwp%
constant(A) (%)
As-milled BCC Im-3m (229) 95.30 a=2.969 0.46
P63-mmc 3.35
Laves 470 a=4.868/c=7.885 -
(194)
Arc-
BCC Im-3m (229) 64.05 a=2.995 0.21
melting
4.13
P63-mmc
Laves 3595 a=4.893/c=8.009 0.11
(194)

Fig 7.3 shows the backscattered electron images of the Ti>sV3s(CrMnFe)4o alloy fabricated by
different fabricated methods. Fig 7.3 (a) depicts the microstructure after mechanical alloying,
where no distinct second phase (Laves) is observed. This may be due to the low concentration
of the Laves phase (show in Table 7.1). Additionally, the intense mechanical impact and stress
during the mechanical alloying process can induce severe deformation, leading to the formation
of numerous nanocrystalline, which further complicates the identification of secondary phases
[241]. After mechanical alloying, the elemental composition of the alloy closely matches the
designed specifications (show in Table 7.2), with no obvious areas of elemental enrichment,
indicating that mechanical alloying effectively promotes homogeneous atomic-level mixing of

the elements [267].
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Table 7.2 Represents the measured atm% values of each element present in the as-

milled and as-melted HEA

Alloy Area Ti \% Cr Mn Fe
As-
- 25.74 34.43 13.42 12.91 13.50
milled
As- A 23.87 39.01 14.19 11.31 11.61
melted B 31.82 21.25 12.53 14.14 20.26

Fig 7.3 (b) shows the microstructure after arc melting, clearly distinguishing two different
regions, labeled as areas A and B. Combining the phase content from Table 7.1 and the
elemental distribution from Table 7.2, it can be determined that area A corresponds to the BCC
structure, while area B corresponds to the Laves structure. The BCC structure exhibits a higher
content of vanadium (V), as vanadium is a BCC stabilizing element [129]. In the Laves
structure, the titanium (Ti) content is relatively high. This is because during the high-
temperature melting process, the thermodynamically stable structure formed by Ti with Cr and

Mn are Laves structure (AB2) [140, 256]
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Fig 7.3 The back-scattered electron images and particle size of the Ti2sV3s(CrMnFe)40

HEA fabricated by different method: (a), (¢) as-milled; (c), (d) as-melted

Additionally, during the high-temperature melting process, the thermodynamically stable
structure formed by Ti with Cr and Mn are also Laves structure [89, 149]. Fig 7.3 (¢) and d
illustrate the differences in particle size of the alloy under different fabrication processes. It is
evident that the particle size of the alloy after mechanical alloying (Dso =20.3 pm) is
significantly smaller compared to the particle size obtained after arc melting (Dso = 62.5 um;

crushing and sieving through a 200-mesh screen).
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7.2 Thermal stability
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Fig 7.4 The DSC curve of the Ti2sV35(CrMnFe)s0o HEA fabricated by different method

Fig 7.4 shows the DSC curves of Ti2sV3s(CrMnFe)so HEA fabricated by different methods.
Compared to the relatively smooth initial stage of the arc-melted sample, the mechanically
alloyed sample exhibits a distinct exothermic trend, which can be attributed to the release of
internal stresses caused by severe plastic deformation induced by high-energy ball milling
[268]. At approximately 400°C, a noticeable endothermic peak (black line) appears in the
mechanically alloyed sample. This indicates that following ball milling, the alloy's phase
structure is in a non-equilibrium or metastable state, prompting a transition to more stable phase
structure at elevated temperatures. In the final stage, both fabrication methods show varying
extents of endothermic, attributed to phase (grain) growth and element diffusion within the
alloys [269, 270]. Based on previous experiences, as-milled samples do not exhibit further
changes in crystallinity after heat treatment at 900°C, facilitating the observation of the alloy's
phase structure. Therefore, the HEAs fabricated by different methods heat-treated at 900°C to

ensure experimental consistency.
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Fig 7.5 shows the XRD spectra of TixsV3s(CrMnFe)so high-entropy alloys fabricated by
different methods after heat treatment at 900°C. Table 7.3 lists the phase concentrations and
lattice constants etc. determined by Rietveld refinement. By comparing the XRD patterns (Fig
7.5 a) and DSC curves of alloys with different preparation methods before and after heat
treatment at 900°C, it can be seen that the internal stress introduced during the ball milling
process is released during heat treatment, leading to the decomposition of the BCC structure
into BCC and FCC, and an increase in the crystallinity and content of pre-existing Laves. In
contrast, the phase compositions of arc-melted samples showed minimal changes before and
after heat treatment, with an increase in the Laves content due to the element diffusion. The
significant internal stress from the ball milling process promoted recovery and recrystallization,

resulting in lower strain (%) in ball-milled samples compared to the arc-melted samples.
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Fig 7.5 The XRD patterns of Ti2sV3s(CrMnFe)s0o HEA fabricated by different methods

after heat treatment at 900°C: (a) as-milled; (b) as-melted
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Table 7.3 Refinement data of the Ti2sV3s(CrMnFe)so HEA by different methods after

heat treatment at 900°C.

Lattice
Alloys Structure Space group Wwt% Rwp%
constant(A)
As-milled BCC Im-3m (229) 63.78 a=2.932
FCC Fm-3m (225) 24.05 a=3.735
7.03
P63-mmc
Laves 12.20 a=5.082/c=8.121
(194)
Arc- BCC Im-3m (229) 5745 a=2.978
melting P63-mme 3.98
Laves 42.55 a=4.912/c¢=8.015
(194)

20,0kV 8.3mm x35.0k YAGBSE 20.0kV 8.5mm x500 YAGBSE

Fig 7.6 The Back-scattered Electron images of the Ti2s5V35(CrMnFe)s0 HEA fabricated

by different methods after heat treatment at 900°C: (a) as-milled; (b) as-melted.

Fig 7.6 presents backscattered electron (BSE) micrographs of alloys subjected to different
fabrication processes after heat treatment at 900°C, with the specific elemental distributions
(at%) of each phase detailed in Table 7.4. From Fig 7.6 (a), we observe three regions within
the alloy that exhibit distinct color contrasts. By integrating the information from Tables 7.3

and 7.4, it can identify that region A corresponds to the BCC structure, region B to the FCC
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structure, and region C to the Laves structure. By comparing the elemental content of different
regions in the heat-treated (as-milled) samples, it is evident that the primary difference in phase
structures within the alloy is the Ti content. This is because Ti (146.15 pm) has the largest
atomic radius in this alloy system (V 131.6 pm; Cr 124.91 pm; Mn 135 pm; Fe 124.12 pm) and

its larger formation enthalpy with other elements (Cr, Mn) [58].

Table 7.4 Represents the measured at% values of each element present in the as-milled

and as-melted HEA after heat treatment at 900 °C

Alloy Area Ti \4 Cr Mn Fe
As- A 2270 35.24 14.29 14.52 13.25
milled B 2543 33.52 13.22 13.98 13.85

C 2854 31.91 12.59 13.87 13.09
As- A 2211 40.76 14.78 11.49 10.86
melted B 34.12 19.55 10.54 14.64 21.15

By comparing Fig 7.6 b and Fig 7.3 b, it can be observed that the phase compositions in the as-
melted HEA did not change after heat treated at 900°C. However, the content of the BCC
structure decreased and the content of the Laves structure increased (shown in Table 7.3) due
to the diffusion of Ti atoms. The reason for the diffusion of Ti atoms is consistent with that in
the as-milled HEA. During the heat treatment process, the diffusion of Ti atoms led to a
decrease in Ti content in the BCC structure and an increase in Ti content in the Laves structure
(show in Table 7.4). This resulted in a reduction in the average atomic radius and lattice
constant of the BCC structure, and an increase in the average atomic radius and lattice constant
of the Laves structure. These observations are consistent with the results observed from XRD
pattern show in Fig 7.4 b (the BCC peaks shift towards higher angles, while the Laves structure

peaks shifts towards lower angles).
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7.3 Hydrogen storage performance
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Fig 7.7 The hydrogen storage performances of Ti2sV3s(CrMnFe)s0o HEA fabricated by
different processes: (a), (b) the hydrogen storage activation curve of as-milled and as-
melted samples respectively; (c), (d) the hydrogen storage absorption/desorption curve
at 50 °C; (e), (f) The fitting curve of different stages by Hirooka's first-order kinetic
equation (e) and JMAK equation (f); (g) the JMAK fitting curve of hydrogen desorption

process
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Fig 7.7 (a) and (b) shows the activation curves of TizsV3s(CrMnFe)so HEA fabricated by
different methods. It can be observed that all alloys exhibit excellent hydrogen activation
performance, achieving full activation in just two cycles. However, the reasons for their
outstanding activation performance may different. For the ball-milled alloys, mechanical
alloying significantly refines the grain size, forming a nanocrystalline structure [267]. The
smaller grain size increases the grain boundary area, providing more active sites for hydrogen
activation [259]. Additionally, the ball milling process increases the density of surface defects
in the alloy [258, 271], which also serve as hydrogen activation sites, thereby enhancing the
activation performance of the material. Compared to the as-milled HEA, the superior activation
performance of the arc-melted HEA is primarily attributed to the content and morphology of
the second phase (Laves) [247]. This is because hydrogen storage alloys with a Laves structure
exhibit better activation performance and hydrogen absorption/desorption kinetics than BCC
structure. Therefore, the content of the second phase (Laves) significantly influences the
hydrogen storage activation performance of the alloy. Additionally, the morphology of the
second phase also affects the hydrogen storage kinetics of the alloy. Different structures of
hydrogen storage alloys exhibit varying degrees of lattice expansion during hydrogen
absorption/desorption. This lattice expansion creates fine cracks between the two phases during
the hydrogen absorption process, providing additional diffusion pathways for hydrogen atoms

and thus enhancing the activation performance of the alloy.
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Table 7.5 The hydrogen storage performance of Ti2sV3s(CrMnFe)so HEA fabricated by

different processes

Reaction
Alloys Capacity (wt%) rate (k)
Stage 1 Stage 11
As-milled Absorption  0.619 (ty=8.1mins) 0.0215 0.0403

Desorption  0.336 (typ=1.5mins) 0.0424 -
As-melted Absorption  1.617 (top=2.7mins) 0.0186 0.1973

Desorption 0.983 (typ=2mins) 0.0218 -

Fig 7.8 (¢) and (d) show the hydrogen absorption/desorption curves of Ti2sV3s(CrMnFe)so HEA
fabricated by different methods at 323K. As observed in Fig 7.7 (c), the arc-melted alloy
exhibits a higher hydrogen storage capacity (Table 7.5). Although Fig 7.2 and Table 7.1
indicates that the ball-milled HEA has a higher BCC content than the arc-melted HEA, which
theoretically should result in higher hydrogen storage capacity, the actual results are contrary.
This phenomenon may be attributed to the excessive lattice distortion introduced during the
ball milling process. A lot of studies have shown that ball milling time significantly influences
the hydrogen storage performance of alloys [272-274]. As ball milling time increases, the grain
size and particle size of the alloys gradually decrease, which typically enhances their hydrogen
storage kinetics [275]. However, further extension of ball milling time leads to a continuous
increase in lattice distortion and a potential rise in the amorphous phase content within the alloy
structure, ultimately resulting in a reduction in hydrogen storage capacity [272, 274, 276].
Therefore, this may be one possible reason why the as-milled HEA shows a relatively low
hydrogen storage capacity compared to the arc-melted alloy, although no amorphous phase was
detected in the as-milled Ti2sV3s(CrMnFe)so alloy by XRD and TEM [277]. Furthermore, the
reduction in hydrogen storage capacity could be also attributed to alloy poisoning or
contamination. A lot of studies have shown that the hydrogen storage capacity of alloys is

highly sensitive to the oxygen content[82, 278-280]. Oxygen atoms can occupy hydrogen
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storage sites within the alloy and, through their additional electrons, increase the electron
density at these sites, thereby hindering storage capacity [279, 280]. In the ball milling process,
the PCA (alcohol), primarily consists of C and O elements. These atoms may dissolve into the
interstitial sites of the alloy lattice during mechanical alloying, reducing the hydrogen storage
capacity the as-milled HEA. More detailed research in this regard will be explored in our

research group in the future.

The hydrogen absorption process is generally divided into two stages. The first stage is
dominated by surface reactions and interfacial processes[236, 246], while the second stage
encompasses the nucleation and growth of metal hydrides [127, 247]. In this study, Hirooka’s
first-order kinetic equation was employed to analyze the kinetics of hydrogen absorption during
the first stage. The equation is presented as follows in chapter 6 [246]. For the second stage,
the IMAK (Johnson-Mehl-Avrami-Kolmogorov) equation was applied. The equations used are
as follows in chapter 6 [127]. It can be observed that the different stages of hydrogen absorption
are well-fitted by the different equations. The specific fitting results are shown in Fig 7.7 (e)
and (f). Fig 7.7 (g). illustrates the hydrogen desorption kinetics analysis of the HEAs fabricated
by different method. Typically, only one stage is observed, as the desorption process is
significantly faster than absorption [52, 124, 255] and the desorption process is well-fitted by

the JMAK equation.

By comparing the k values of alloys fabricated using different methods at various stages, it was
found that the as-milled HEAs exhibited slightly higher k values in the first stage (surface
reactions and interfacial processes) compared to arc-melted samples. This is primarily due to
the smaller particle size of the ball-milled samples, which provides a larger specific surface
area [281]. Additionally, the smaller grain size (nano sizes) of the ball-milled alloy offers more
diffusion pathways for hydrogen atoms [247, 259, 281]. However, in the second stage
(nucleation and growth of metal hydrides), the k value of the as-milled HEA is significantly

lower than arc-melted HEA. This may be due to the presence of a large amount of kinetically
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favorable Laves phase in the cast HEA, whereas the as-milled HEA primarily exhibits a single-
phase BCC structure. Compared to the BCC, the Laves phase generally possesses superior
kinetic properties, resulting in a higher overall k£ value for the cast HEA in this stage.
Furthermore, by comparing the too values of the as-milled and arc-melted alloys, it is evident
that the hydrogen absorption rate of the arc-melted HEA is higher than as-milled HEA. This
further indicates that the hydrogen absorption of the arc-melted alloy mainly occurs in the
second stage, and the phases composition and content may play a dominant role in the overall
hydrogenation kinetics of the alloy. These factors collectively influence the kinetic
performance of the ball-milled alloy during hydrogen storage [34, 263, 280]. Fig 7.7 (g)
presents the hydrogen desorption kinetics analysis of the Ti2sV3s(CrMnFe)so alloys fabricated
by different methods. Since the desorption process is significantly faster than the absorption
process, only a single stage is typically observed [255, 282, 283]. The specific fitting results
are shown in the Fig 7.7 (g). As indicated in Table 7.5, the desorption rate of the as-milled HEA
is larger than arc-melted HEA. This may be due to the smaller lattice constant in the as-milled
condition, which reduces the distance between hydrogen atoms in the crystal structure,

increasing the repulsive force between them and facilitating faster desorption [244].

7.4 Phase composition of hydrogenation/dehydrogenation.

T
(a)| e Bce 4 —— Dehydrogenation (b)| o Bcc Dehydrogenation
¥ Laves —— Hydrogenation ¢+ FCC —— Hydrogenation
: —— As-milled ¥ Laves Arc-melting
I
v Yiw 2 A y vy 2 vy w2
A
n ,
3 1\ 3
° e I\MM B
' . T i
)
:
I
' o e | T A A
] 1
0 4 s e 70 80 30 40 50 60 70 80 )
28 (°) 28 (°)

Fig 7.8 Phase structure of Ti2sV3s(CrMnFe)so HEA fabricated by different processes

before and after hydrogenation: (a) ball-milled; (b) arc-melted
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Fig. 7.8 (a) shows the XRD patterns of the ball-milled alloy after hydrogen absorption at room
temperature and subsequent vacuum treatment at 300 °C for 2 hours. It can be observed that
the XRD peak positions exhibit only slight shifts following hydrogen absorption/desorption.
This behavior is primarily attributed to the alloy's low hydrogen absorption capacity and the
interstitial solid solution mechanism of hydrogen absorption [26]. Previous studies have
demonstrated that no stable metal hydrides are formed for this series of high-entropy alloys
made by mechanical alloying [58]. Fig. 7.8 (b) presents the hydrogen absorption/desorption
XRD patterns of the arc-melted HEA. It is observed that the XRD peaks shift towards lower
angles (lattice constant increase) after hydrogen absorption. Additionally, after hydrogen
absorption, a coexistence of BCC and FCC structures was observed in the HEA (as shown in
Fig. 7.8 (b) and Table 7.6), indicating that only certain BCC structures underwent a phase
transformation during hydrogenation process. This phenomenon is likely due to the disordered
arrangement of elements in the high-entropy alloy [284, 285]. In addition, this observation
suggests that both interstitial solid solution and phase transformation hydrogen absorption
mechanisms are present in the BCC structure of the as-cast HEA. Following vacuum treatment
at 300°C for 2 hours, the lattice constants of the BCC and Laves phases nearly returned to their
pre-hydrogenation values, with only a slight increase, which could be due to a minimal amount

of residual hydrogen atoms remaining in the lattice interstices.

Table. 7.6 Phase lattice parameters of hydrogenated/dehydrogenated of

Ti2sV3s(CrMnFe)so HEA fabricated by different processes.

All()y a (A) a/C Laves (A)
As-
1S ab=2.982 4.892/7.918
milled
Hyd ted be
yarogenare Are- a"=3.082 (51.68) 4.987/8.147
melted 223,690 (15.37) (32.95)
As-
i ab=2.970 4.870/7.886
milled
Dehydrogenated A 4.902/8.015
o b=3,008 (64.73 e
melted a7=3.008 (64.73) (35.27)
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a®/al: Lattice constants of BCC and FCC structures; the values in brackets are the wt% of each

structure.

7.5 Hydrogen absorption/desorption cycle performance

Fig. 7.9 a and b illustrate the hydrogen absorption/desorption cycling performance of alloys
prepared by different fabrication methods. As shown in the figures, both alloys exhibit excellent
cycle performance. The arc-melted alloy retains approximately 88% (1.43 wt%) of its
maximum hydrogen storage capacity after 10 absorption/desorption cycles, whereas the ball-
milled alloy demonstrates almost no change in its maximum hydrogen storage capacity after
the same number of cycles. Fig. 7.9 ¢ and d show the dehydrogenated XRD patterns of alloys
prepared using different methods after 10 hydrogen absorption/desorption cycles. The results
indicate that, after 10 cycles, the XRD peaks of all alloys shift slightly toward lower angles,
suggesting a slight increase in lattice constants. This phenomenon may be attributed to the
cumulative effect of repeated lattice expansion and contraction during cycling, or possibly due
to residual hydrogen that could not be fully desorbed. Notably, the peak shift is more
pronounced in the arc-melting alloy fabricated to the ball-milled alloy after cycling. This
observation (more residual hydrogen cannot be released) may explain why the cycling
performance of the cast alloy deteriorates more significantly than that of the ball-milled alloy.
In addition, the decline in hydrogen storage capacity during cycling is generally attributed to
various factors, such as disproportionation reactions [265, 286], higher defect concentration
[287, 288], and the formation of vacancies clusters and dislocations [289, 290]. The arc-melted
alloy undergoes significant phase transformations during the hydrogen absorption/desorption
process, making it potentially more susceptible to these factors compared to the solid-solution-
based hydrogen storage mechanism of the ball-milled alloy, leading to a slight reduction in its

maximum hydrogen storage capacity.

153



(a) 1st 2nd 3rd 4th 5th 6th 7th 8th 9th10th (b) 1st 2nd 3rd 4th 5th 6th 7th 8th 9th10th
15{ PO P Perpepe- o
I A O O A o
1.0 4 = . i H - s 3 : . : 044
[
E [ L : [ : : : : :
g8 B - R 02
E =
0.0 [ L |
foro: oz fof8ofo:of 5 | oof
§ ¢+ : 8 338:3:;:]1
05 . = . ? 3
s & & 3 5 3 } & & &8
iiisiiiiiqi|
10] i e iy e o
T T T T T T T 04 . : : ' -
0 5 10 15 20 25 30 0 5 10 15 20 25
Time (hrs) Time (hrs)
(C) ® BCC E Dehydrogenation after 10 cycles —— (d) 00 & Dehydrogenation after 10 cycles ——
¥ Laves Arc-melting ¥ Laves n As-milled
i
‘l\
/i
*}/ :\w
> 5 |
© ©
i
i
'
i |
30 4'0 5'0 6’0 7'0 8'0 30 4‘0 5'0 5'0 7‘0 8‘0 920
26(°) 28 (°)

Fig. 7.9 The hydrogen absorption/desorption cycle performance and XRD pattern of
Ti25V35(CrMnFe)40 HEA fabricated by different processes: (a), (¢) arc-melted; (b), (d)

ball-milled

154



7.6 Summary

In summary, our study on different fabrication methods on TixsV3s(CrMnFe)40 high-entropy

alloys (HEAs) revealed the following:

1. Mechanical alloying, as a typical non-equilibrium synthesis technique, introduces substantial
deformation and internal stresses through repeated high-energy collisions, it enhances element
solubility in BCC structures, promotes the formation of metastable solid solutions, and
suppresses the precipitation of secondary phases Laves phase. However, the increased lattice
strain also reduces the thermal stability of the alloys, making them more prone to phase

decomposition at elevated temperatures.

2. The nanocrystalline structure and large specific surface area induced by the ball milling
process contribute to enhanced kinetic performance during the first stage of hydrogenation.
However, in the second stage of hydrogenation, the hydrogen absorption kinetics of the alloy
are primarily governed by the phase composition and its relative content. Overall, the
hydrogenation kinetics of the alloy are likely to be more dependent on its phase composition

and phase fraction.
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8. Conclusions and perspectives

8.1 Conclusions

In this thesis, Ti-V-Cr-Mn-Fe high-entropy alloys (HEAs) were fabricated using mechanical
alloying. A systematic investigation was conducted to explore the effects of ball milling
parameters, heat treatment processes, different fabrication methods, and alloy composition on
the phase structure and hydrogen storage performance of the alloys. The relationships between
these factors and the hydrogen storage properties of the alloys were clarified. The specific

conclusions are as follows:

1. After mechanical ball milling, the alloy composition predominantly exhibits a body-
centered cubic (BCC) structure, accompanied by a minor proportion of the C14 Laves
phase. As the Ti content increases, the overall lattice distortion (& (%)) and formation
enthalpy (AHmix) of the alloy rise, leading to an increased proportion of the C14 Laves

phase.

2. Thermal stability evaluations reveal complex phase transformations during heat treatment
(BCC+Laves-1 = BCC+FCC+Laves-1 — BCC+FCC+Laves-1+Laves-2), with phase
stability dependent on overall lattice distortion (8 (%)). The nanocrystalline structure is

retained after high temperature (900°C) heat treatment.

3. Increased Mn content effectively suppresses the formation of the C14 Laves phase,
enhancing the BCC phase content. Additionally, increasing Cr content improves the alloy's
initial activation performance, reducing both the initial hydrogen absorption temperature

and the activation energy of surface and interfacial reactions.

4. The TizsV3sCrsMnxoFes HEA fabricated by mechanical alloying displays the highest

hydrogen storage capacity (1.39 wt%), excellent activation performance, and lower
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activation energies for hydrogen absorption/desorption (Ea (stage I) /Eq = 12.15/19.93
kJ/mol). These properties suggest its potential as a catalytic material for hydrogen storage

alloys that are challenging to activate.

Investigations on different fabrication methods for Ti2sV3s(CrMnFe)so HEAs demonstrate
that mechanical alloying introduces significant lattice strain, which improves the solubility
of elements in the BCC structure, thereby enabling the formation of high-entropy

hydrogen storage alloys that cannot be synthesized through conventional melting methods.
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8.2 Perspectives

1. Due to the ease of activation and fine particle size of mechanically alloyed alloys, an
innovative approach could involve embedding this material, using ball milling, on the
surface of hydrogen storage alloys that are less readily activated. This would create
effective hydrogen storage pathways, potentially enhancing the overall hydrogen

absorption kinetics of the alloy.

2. The reduction in hydrogen storage capacity of ball-milled alloys may be attributed to the
contamination from C and O in the process control agent (PCA). Therefore, research on
how impurities influence Ti-V-Fe-Cr-Mn high entropy alloys’ hydrogen ab-/desorption

behaviors need to be performed.

3. The research on practical applications of Ti-V-Fe-Cr-Mn hydrogen storage materials in

different working environments need to be conducted.
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