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Abstract

Hot isostatic pressing (HIP) and powder compact forging of Ti/Al/Cr composite
powders of composition Ti-47AIl-2Cr (at%) have been carried out to synthesize
bulk ultrafine grained Ti-47AI-2Cr alloy. The Ti/Al/Cr composite powders were
produced using high energy mechanical milling of elemental Ti, Al, Cr powders
in a retsch planetary mill. The microstructure and mechanical properties of the
bulk consolidated alloy produced using different processing techniques has been
investigated. The mechanical properties of the alloy were studied in tension and
compression both at room and elevated temperatures especially to know the

formability of the material.

The bulk alloy samples produced by HIP for 2 hours at 1000°C had porosity of
approximately ~ 5%, indicating that the HIP time was not sufficient to close the
pores. The microstructure mainly consisted of TiAl as the major phase and Ti(Al)
and TisAl as minors, the unreacted Ti(Al) phase in the microstructure was mainly
due to the initial powder condition, in which a small fraction of powder particles
were rich in Ti. Tensile testing of the alloy samples was carried out at different
temperatures. At room temperature the alloy was fairly brittle, without any plastic
deformation, and had a fracture strength of ~ 100 MPa. At elevated temperatures
the samples became ductile, as reflected by considerable amounts of tensile
elongations at 800°C and above. The maximum amount of elongation was found
to be between 70 — 80% at 900°C. The tensile yield strength at 800°C was in the
range of 84-90 MPa and decreased to 55-58 MPa with the testing temperature of
the samples to 900°C. In compression the alloy showed plastic yielding and yield
strength of ~ 1.4 GPa at room temperature. Compression testing at 900 °C
revealed that compressive deformations equivalent to a height reduction of 50%

could be easily achieved without cracking.

Direct powder compact forging using canned powder compacts of the Ti/Al/Cr
composite powder was successfully used to produce bulk consolidated Ti-47Al-

2Cr alloy samples. It has been observed that the density of the bulk consolidated



alloy sample after forging varied from the centre to the periphery. XRD analysis
showed that the forged samples, consisted of TiAl (as major phase) along with
Ti(Al) and Tiz3Al phases. Mechanical testing of the samples showed that the
samples exhibited brittle type of fracture both in tension and compression at room
temperature and the fracture strength of the samples was in the range of 115 — 130
MPa in tension and 1.38-1.4 GPa in compression without any yielding. When
being tested at 900°C, the samples became very ductile showing yield strength in
the range of 70-90 MPa and elongation to fracture between 80-165% in tension,
and a yield strength of ~ 65 MPa and 50% deformation in compression was easily
achievable.

Nearly fully dense Ti-47-2Cr alloy samples with density of ~98% were produced
by using HIP at 1000°C for a duration of 3 hours. TEM observations revealed
equiaxed grains with grain sizes in the range of 200-500 nm. The tensile testing of
the alloy samples at different temperatures revealed that the brittle to ductile
transition temperature of the alloy was in the range of 700 and 750°C, similar to
that reported from literatures. The alloy showed significantly higher strengths
both at room and at elevated temperatures, due to the low level of porosity in the
sample. Elongation of 95— 117% at 750°C and 70-100% at 800°C was observed.

The ultrafine grained Ti-47Al-2Cr alloy produced using a combination of
mechanical milling and HIP/powder compact forging has demonstrated good
formability at elevated temperatures leaving a large space for secondary

processing to improve the quality of the material.
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Chapter 1

Introduction and Literature Review

1.1 Introduction

Interest in ultrafine grained (UFG) and nanostructured bulk materials with grain
sizes in the ranges of 100 to 1000 nm and < 100 nm respectively have received
much attention in the past two decades, since these materials have shown
considerable property advantages over their coarse grained counterparts [1-3]. The
UFG and nanostructures can also significantly improve the ductility and
formability of the generally brittle gamma-TiAl based intermetallic compounds,
stiffness, high strength retention at elevated temperatures and high creep
resistance [4-11]. These materials are very important due to their high specific
strength, high corrosion resistance. The challenge of realizing the promising
potential of UFG and nanostructured titanium based alloys is developing
processes and establishing optimised processing conditions for producing high
quality bulk materials containing a very low level (0-2vol%) of structural defects
such as residual pores and non-atomically bonded interfaces. This can open new
opportunities of using gamma TiAl based materials for making parts in a variety
of automobile and aerospace applications by replacing nickel based superalloys,

titanium alloys and other high temperature alloys.

The factors that limit gamma TiAl based alloys from being widely used include
their low room temperature ductility and elevated temperature formability. The
room temperature ductility of TiAl based alloys can be enhanced by improving
the microstructures of the alloys in terms of the volume fraction of the a,-TisAl
phase, and the structure and size of the lamellar colonies through heat treatment
and composition modification [7, 9, 11, 12]. Using powder metallurgy processes
to synthesize TiAl based alloys and form components made from such alloys has

the advantages of ensuring high microstructural and compositional homogeneity



and allowing near-net shape forming of parts. Powder metallurgy also offers
opportunities to produce ultrafine grained and even nanostructured alloys which
are expected to have much improved formability and possibly even better room
temperature ductility. When pre-alloyed powders are not available or are too
expensive, high energy mechanical milling (HEMM) of mixtures of pure Ti, Al
and other elemental or master alloy powders is an effective and affordable way of
producing the powders needed for synthesizing ultrafine grained and
nanostructured TiAl based alloys. HEMM is expected to be an important
technique to refine the microstructure, since this process involves severe plastic
deformation, which can cause recrystallization of the particles as well as
fracturing and cold welding which can also result in refining of the
microstructures [13-15]. HEMM is capable of producing both mechanically
alloyed TiAl based alloy powders and Ti/Al based composite powders with
uniform powder particle microstructure. Producing Ti/Al based composite
powders has a better practicality than producing mechanically alloyed powders
because the latter may require very long milling time which leads to high powder
production costs and lower production rate. The present study uses elemental
powders of Ti, Al, Cr as starting materials to produce composite powders using
HEMM technique. Processing techniques such as powder compact forging and
hot isostatic pressing are used for the production of bulk ultrafine grained Ti-
47Al1-2Cr (at%) alloy. The relationship between processing condition,
microstructure and mechanical properties of this particular alloy has been studied,
by conducting tensile and compressive testing at room and elevated temperatures

and microstructural characterization using various techniques.

The objectives of this work are:

e To understand the effects of various powder consolidation techniques on
microstructure, mechanical properties and formability of bulk ultrafine
structured gamma Ti-47Al-2Cr (at %) alloy.

e To understand the microstructure/mechanical property relationship of the
ultrafine structured Ti-47Al-2Cr (at %) alloy.

e To find out an optimized processing method to synthesize bulk ultrafine
structured Ti-47AI-2Cr (at%) alloy.



The thesis consists of six chapters. The first chapter consists of this introduction
and literature review on the TiAl based alloys, their general background,
processing techniques used for their production and the microstructures and
mechanical properties of these alloys. Chapter two describes the experimental
methods used in this project. Chapters three to chapter five are devoted to
presenting and discussing the results. Chapter three presents and discusses the
microstructures and mechanical properties of Ti-47Al-2Cr (at%) alloy samples,
produced using mechanical milling and hot isostatic pressing. Chapter four
presents and discusses the microstructures and mechanical properties of Ti-47Al-
2Cr (at%) alloy samples produced using powder compact forging of mechanically
milled powders. Chapter five presents and discusses the brittle to ductile transition
of Ti-47AIl-2Cr (at%) alloy produced using hot isostatic pressing. Chapter six

summarises the conclusions and recommendations for the future work.

1.2 Literature Review

During the past three decades, a lot of effort has been made around the world to
develop applications of intermetallic based alloys in gas turbine engines. The
objective was to replace steels or Ni based alloys having a density of (8-8.5 g/cm?®)
by materials with a much lower density of 4-5 g/cm®. In the 1970s, research was
mainly concentrated on TizAl based alloy systems leading to the development of
ap and super o, alloys. Although encouraging results were obtained, no
applications were successful, because of enormous experimental difficulties. In
the 1980s the main interest was switched to gamma TiAl based alloys, which had
far better creep and oxidation properties than ay The interest in gamma TiAl
based alloys was further enhanced by the fact that a number of potential

applications of these alloys were found in automotive and nuclear industries.

1.2.1 General background of TiAl based alloys

TiAl based alloys, which have a low density (much lower than that of superalloys),
high specific strength, and high strength retention ability at elevated temperatures,

high dimensional and good environmental stabilities, are found to be promising



materials especially for high temperature applications. Although classical titanium
alloys have already allowed improvements in the high temperature applications
such as gas turbine engines by replacing nickel and iron base superalloys, they
were not able to meet these new requirements. This paved the way for developing
more reliable materials to be used at elevated temperatures above 600°C. At
temperatures above 600°C, the mechanical strength and creep resistance of
titanium alloys become inadequate [16]. Moreover, oxidation problems arise at
such high temperatures because of the formation of a brittle layer with high
oxygen content which can lead to premature fracture under cyclic loading
conditions. Finally, titanium alloys are subject to “titanium fire” activating (a
great problem for engine applications), which is a phenomenon that results from
both the low thermal conductivity of the metal and the very high heat of formation
of TiO,. So the intermetallic alloys based upon titanium, in particular, TizAl and
TiAl based alloys, have been examined and developed for high temperature
applications (Figure 1.1). Compared with titanium, they present several
advantages, such as higher elasticity modulus, lower density, better mechanical
behaviour at elevated temperatures (Table. 1.1) and higher oxidation resistance by

formation of a surface passive alumina layer.

CIC Composites
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Figure 1.1: Service temperature ranges of different selected alloys, intermetallics
and composites [17].



Table 1.1: Comparison of properties of TiAl, TizAl, NiAl, NizAl, Ti alloy and Ni

based super alloys [16].

Intermetallic Alloys

Intermetallic | TiAl Ti;Al NiAl NizAl Ti alloy | Ni super-
Alloys alloys
Density 3.8 42 59 7.5 45 89
{g/lem®)

E (GPa) 160-180 |100-150 |~190 ~180-190 | 95115 190-220
¥S (MPa) ~400-650 | ~700-1000 | ~200-500 |~100-800 | 300-1300 | 250-1300
Elongation |<5 <5 <2 150 10-40 550

(%) {with B)

T limit due | 800-900 | 750 >1000 600 1100

to creep (°C)

T limit due | 800-300 | 650 >1000 >1000 600 1100

to oxidation

(*C)

Fracture 10-20 10-20 ~5 40-80 ~25-50
toughness

(MPa m'?)

TiAl based alloys which are also known as titanium aluminides are ordered
intermetallic compounds which are formed in a particular composition range in
the Ti-Al system (Figure.1.2). In an ordered intermetallic compound, a specific
type of element occupies specific lattice site and the same arrangement is repeated
in the crystal structure, as shown in Figure 1.3 [18]. For an alloy where elements
form a solid — solution, these lattice sites are occupied randomly by atoms of
different elements. The titanium aluminide family is composed of three main
compounds: (a) TisAl which is designated as ap-phase and ordered according to
DO0yg structure with a hexagonal symmetry and of lattice parameters agq =
2a4isor=0.58 Nm; Corg = 0.48 nm; (b) TiAl (noted y) which is ordered up to the
melting point has an L1y type face-centred tetragonal structure consisting of
and (c) TiAl;

according to the DO, structure. The DOy, structure is related to two L1, type unit

atomic layers perpendicular to the c-axis; which is ordered

cells stacked along the c-axis with an antiphase boundary of 1/2[11 0] (00 1)
type at every other (0 0 1) plane [17, 19, 20].
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The first two alloys have a rather large homogeneity range and can accept, in
solid solution, certain additional elements in substitution. These additions are
important to develop a favourable microstructure and a material which is stable at
processing temperatures. Also compounds such as TiAl, and TixAl, [21] were
found to be unfit for industrial applications, because of their poor mechanical
properties. The lattice structures associated with titanium aluminides of interest
for space applications are, TizAl (alpha — 2) & TiAl (Gamma). The lattice
structure of gamma-TiAl is shown in Figure 1.3. The ordered arrangement of the
atoms in the lattice provides these materials with inherent strength and stiffness
retention to high temperatures. These intermetallics have limited low temperature
ductility and toughness. Microstructures in [ stabilised o, (TisAl) titanium
aluminides are analogous to those developed in conventional a + B alloys. To
solve the problem of low ductility, alloying additions are made to stabilize § phase.
The material based on TisAl can be used up to a temperature of 700°C [17].

Among the TiAl based intermetallic alloys, y alloys based on TiAl exhibit high
strength to density ratio, and good oxidation and creep resistance at elevated
temperatures. They are considered to be one of the most promising intermetallic
alloy classes for high temperature applications up to 900°C in the aerospace
industry [17, 22]. Many publications have listed gamma titanium aluminides in
the promising high temperature aerospace materials being developed globally [8,
9, 23-26]. There are at least three major pay off areas for y TiAl based alloys in
advanced jet turbine engines: (a) high specific stiffness, being 50% greater than
structural materials commonly used in aircraft engines; (b) good creep resistance
in the temperature regime of 600°C to 750°C, which enables y TiAl based alloys
to substitute Ni based alloys which have twice the density of the y TiAl alloys for
certain applications; and (c) high fire resistance (nearly as high as that of Ni based
alloys) which enables the y TiAl based alloys to replace heavier and more
expensive fire resistant designated Ti based alloys [23, 26]. Generally stiffness is
valuable whenever clearances are concerned, such as frames, seal supports, cases
and linings (e.g. consisting of honeycomb structures). The higher specific stiffness
(E/p) also shifts acoustically exited vibrations towards higher frequencies, which

is usual beneficial for structural components, e.g. turbine blades and parts within
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the nozzle area. There have been few applications in the commercial sector, for
example in Japan Mitsubishi Motors Corporation is marketing Lancer Evolution
series cars since 1999. These cars use TiAl turbo chargers in place of Inconel
713C turbo chargers [27]. For aerospace applications TiAl rotors have offered
better transient response & burst test performance than Inconel 723 & ceramic
rotors [28].

However, the major obstacle to the practical use of TiAl and TiszAl alloys is the
lack of ductility at room temperature. The absence of plasticity at classical
fabrication temperatures is also a source of difficulties, in particular, in rolling
TiAl into thin sheets or foils. Furthermore, the low toughness generates a high
sensitivity to microcracks or surface defects, leading to fracture under a stress
equal to yield stress. Gamma alloys derived from TiAl are also disadvantaged by a
high amplitude primary creep. This is the reason why it has been envisaged to
incorporate in these alloys additional elements in order to improve their specific
mechanical properties.

1.2.2 Processing Routes

The manufacturing processes microstructure controlling and mechanical
properties of TiAl based alloys have been of great importance for the last two
decades. Since y TiAl based alloys are difficult to process, the biggest problem
which is holding back the manufacturing of these alloys is their processing and
therefore extensive investigation has been undertaken on the processing methods.
They include traditional ingot metallurgy (IM) and powder metallurgical (PM) for
the alloys with composition range of 45-48 at% Al. Alloying elements such as
manganese, chromium, niobium etc have been added for improving certain
desired properties e.g. ductility and oxidation resistance. Both IM [29-35] and PM
[11, 35-41] routes were successful in producing these alloys. The later method
was found to be more promising because the problem due to elemental loss,
segregation and fracturing were not observed. Also the thermomechanical
processing of the ingots by plastic deformation at high temperatures is no longer
necessary with PM methods, as there is no cast structure that has to be destroyed.

A few thermomechanical processing techniques are found to be promising to



produce bulk fine, UFG, nanostructured TiAl based alloys in the case of PM
alloys and for the modification of microstructure and density in the case of IM
alloys. In some cases combinations of the above techniques have been used in

order to obtain a refined microstructure as per the requirement.

1.2.2.1 Powder Metallurgy and Thermomechanical processing

Powder metallurgy is a processing technique, in which elemental powders or
prealloyed powders are used as staring materials. In using PM route, it is essential
to refine the microstructure of the powder particles before consolidating the
powder, in order to obtain UFG or nanostructured bulk materials. It is not an easy
task to obtain a high density bulk material by the powder metallurgical approach.
However it is worthwhile to take the challenge, since the production of UFG
gamma TiAl alloys results in an substantial decrease in the hot working
temperature through grain refinement [42-45], which is said to be favourable for
secondary processing, leaving a wide space to improve the quality of the material.

From literature, several thermomechanical processing (TMP) techniques have
been used as primary or secondary processing techniques for producing bulk TiAl
based materials and also to refine the microstructures. The processing techniques
include hot isostatic pressing (HIP), extrusion and forging, hot pressing and
reactive sintering/ spark plasma sintering, equal channel angular pressing (ECAP),
rolling and spray forming. The PM process utilises either the pre-alloyed powders
[46-50] or elemental powders [51-57]. The PM process utilising elemental
powders was found to be much cheaper. While using elemental powders, the large
difference in the diffusivity between Ti and Al results in pores in the consolidated
material which is mainly due to the kirkendal effect [54-57]. HEMM can be used
to overcome this problem, by refining the microstructure [13, 14, 58-64]. The
microstructure can also be improved by HEMM, since the powders can be
consolidated at temperatures much lower than that used for consolidating rapidly
solidified powders [65].

The extent of thermal exposure also plays important role in the PM routes, since
the desirable feature of the microstructure which is far from being in equilibrium

is removed if the exposure time is too long. So it is essential to control the thermal



exposure in order to maintain novel characteristics and enhanced behaviour in the
compacted material. The oxygen content of the powder processed material
depends on the starting material, cleanliness of processing, and the particle size of
the powder particles, since the smaller particles have a higher specific surface area,
and thus often a higher oxygen content [66]. A proper degassing procedure before
consolidation is also essential to control the oxygen content in the processed
materials. So there are a lot of parameters to be controlled to obtain a high quality
bulk material while using PM route. The TiAl based alloys produced by using a
combination of PM and TMP are described below.

Hot Isostatic Pressing (HIP)

Both mechanically alloyed and composite powders can be consolidated by HIP,

which is generally conducted in a+y, a+p+y, oty phase fields. Many studies have
demonstrated that TiAl alloys with microstructures ranging from coarse grained
structures to UFG and to nanostructure can be produced using HIP as the primary
or secondary processing technique [50, 67-76]. Studies on the HIP consolidation
by Ulrike et. al [72] has demonstrated that the temperature of HIP plays an
important role in the microstructure of the alloy. HIP at temperatures up to
1200°C was found to produce near gamma microstructure consisting of mainly o,
and y phases, and the HIP at higher temperatures of 1300 - 1400°C led to a near
lamellar microstructure with coarse lamellar spacing. The yield strength of the
material was found to be dependent on the fraction of the equiaxed y grains in the
as HIPed microstructure. Also in the HIP and heat treated conditions, the yield
strength was found to decrease somewhat, with increasing HIP temperature,
which was likely attributed to the finer grain size associated with the lower HIP

temperature.

Studies using prealloyed powders have shown that heat treatment of the as-HIPed
material is essential to improve the mechanical properties of the TiAl alloy, by
achieving desired microstructure [69, 70, 73]. Wegmann et al. [50], have
demonstrated that homogeneous microstructures with fine grain sizes can be
achieved using low HIP temperatures, which can be forged crack free at relatively
low temperatures than that used for HIP. A combination of HIP and forging

resulted in an alloy with superplastic properties. HIP consolidation using
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elemental powders were also successful [76]. It has been found that refining the
microstructure of the powder particles was crucial. Subzero temperature milling
was found to be effective, as compared to RT milling in refining the

microstructure.

Irrespective of the type of powders used, porosity was found in the HIP
consolidated materials, the reason of porosity was found to be thermally induced
porosity (TIP) while using atomized prealloyed powders [69]. In the case of
mechanically milled powders, the HIP temperature and time were found to have
an effect on the density of the material. Nevertheless, by controlling the
temperature and time, HIP process was found to be successful in producing highly
dense bulk TiAl based alloys.

Extrusion and Forging

The microstructural development and hot working behaviour of PM y TiAl based
alloys using extrusion and forging as primary or secondary processing techniques
has been of interest during last two decades, but the literature on this topic is not
very rich. Lee et. al [77] showed that direct extrusion of elemental powder
mixture of near gamma TiAl composition, resulted in a high density TiAl alloy.
Although as extruded alloys were found to possess good mechanical properties,
extrusion followed by heat treatment resulted in an improvement of the
mechanical properties. Also Wu et. al [78] have demonstrated that extrusion of a
mixture of Ti and Al powders resulted in TiAl based alloys with good mechanical
properties, as compared to that of IM based materials. The grain size and lamellar
interface spacing were found to be finer in the PM TiAl alloys produced via
extrusion [79] than those in conventionally IM processed fully lamellar TiAl
alloys.

Innovative techniques such as direct powder forging were also found to be
promising to produce TiAl based alloys [80]. However a lot of work has yet to be
done on this processing technique to achieve a very good understanding of the
process, and to know the ideal processing parameters. In using extrusion or
forging of canned powder compacts, it is very important to follow the proper

degassing procedure, and control the extrusion ratio (for extrusion), strain rates
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(for powder forging), to obtain a high density material with good mechanical

properties.

Reactive Sintering and Spark Plasma sintering

A few studies also demonstrated the reaction synthesis process as a successful
technique for synthesizing TiAl based alloys, where the exothermic heat of
reaction between elemental powders was utilized to obtain intermetallic
compounds. The process requires the use of low pressure during synthesis to
obtain fully dense consolidated materials and near net shaped product. This leads
to ease of fabrication for this class of difficult to process materials. If a Ti/Al
powder mixture is used in the reaction sintering, the possibility of the formation of
pores due to kirkendal effect is high, as discussed earlier. Literature shows that
solid state hot pressing, reaction synthesis and spark plasma sintering (SPS) are
successfully used to produce bulk UFG and nano TiAl based alloys [59, 81-87]
with good mechanical properties [59, 82, 84, 85, 87, 88]. The above techniques
were found to be promising in producing high dense bulk materials. In some cases
the oxygen content was found to be much less than the bulk alloys produced
through HIP [70]. Among sintering techniques, SPS process appears to be a
promising route to produce TiAl alloys, because this process uses relatively low
sintering temperatures and high sintering rates, leading to synthesis of a dense and
fine-grained material in a relatively short period of time. Couret et al [87] have
demonstrated that the particle size plays an important role during spark plasma
sintering. Sintering is more efficient for larger powder particles due to a higher
current density at the particles contacts and a small fraction of oxide on the

surface of the particles.

Calderon et al. [82] have produced TiAl-X alloys with two phase microstructures
and average grain sizes varying in the range of 100 nm and 150 nm. The level of
strength obtained in the TiAI-X alloys is higher than that obtained in typical TiAl
materials. Also Hwang et al. [83] have reported that consolidated alloys with
recrystallized grains smaller than 1 pm can be produced using spark plasma
technigue in which considerable strength levels were reported. From the literature
review, it can be concluded that UFG and nanostructured TiAl based alloys can be

easily achievable using SPS technique. However the mechanical properties of the
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alloys produced in the reported works have only demonstrated high strengths, but
limited ductilities.

Equal Channel Angular Pressing (ECAP)
It has been well established that materials subjected to plastic deformation of a

large strain through ECAP generally exhibit improved properties. In ECAP
microstructural homogenization is achieved by applying simple shear in multi-
passes through the use of the die containing a channel bent into a L — shaped
configuration. There are many reports showing that UFG materials can be
produced through ECAP, which include metals with FCC crystal structures such
as Al, Cu, Ni, metals with BCC crystal structures such as low carbon steel, and

metals with HCP crystal structures such as titanium and magnesium alloys.

A few reports have demonstrated that ECAP can be used to produce UFG TiAl
based alloys from powders [89, 90]. A study by Morris et al. [90], on Al-TiAl
composite reported that the material strength obtained by ECAP is very high after
two passes but hardly changes after two additional passes. This strength increase
is smaller for composite with larger particle content and also for smaller size
(milled) particles. The changes also lead to a loss of ductility. Increase in milling
time of the reinforcement particles was reported to affect the ductility of the
composite adversely. It was demonstrated that in the extruded materials both the
strength and ductility are lower when the reinforcement particles have been milled
for longer times. After two ECAP passes the material containing 25% atomized
particles has 3% ductility as compared to 0.5% for the material with 37%
atomized particles and 0.9% ductility in the case of 25% particles milled for 5 h.
The loss of ductility appears due to the incompatibility of deformation behaviour
between the matrix and the particles, which leads to weakening of the AI-TiAl
interface during ECAP.

According to Morsi et al. [89] using elemental powders in ECAP is beneficial in
reducing the extrusion/consolidation pressure requirements compared to using
prealloyed powders containing intermetallic phase. The former allows room
temperature pressing. The numbers of passes also play an important role in

ensuring the microstructural homegenity of the alloy. The literature on the
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synthesis of bulk TiAl alloys using powder consolidation by ECAP is not very
rich. Although ECAP of TiAl based materials looks promising, a lot of work is yet

to be done in this area, especially to establish the optimum processing conditions.

Rolling
Rolling is used as a secondary processing technique to produce thin sheets for

aerospace applications. The production of sheets and foils of y TiAl based alloys
using PM route, has been studied by a few investigators. Clemens et. al [9, 91]
have investigated two sheet processing routes, in which isothermal forging or HIP
was used to produce the consolidated material for rolling. The PM processing
route used in their study generally involved HIP of prealloyed powders produced
by atomisation and multistep rolling under near isothermal conditions in the (y+ay)
field. Anisotropy in the mechanical properties of the sheets has been observed,
due to sheet texture resulting from rolling [92, 93]. The compositions of the sheets
produced and studied include Ti-46.5Al-4(Cr, Nb, Ta,B), ( y TAB) Ti-47Al-4(Cr,
Mn, Nb, Si, B) and Ti-47Al-2Cr-0.2Si (at%) alloys. The fine grained near gamma
microstructures of these sheets led to good mechanical properties [9, 93-95]. This
process was reported to be the best process developed so far when compared to
other thermomechanical processes in producing large sized TiAl based alloy
sheets [9, 10].

Spray Forming

Spray forming combines alloy powder production and compaction, and is more
advantageous than conventional powder metallurgy techniques, as the number of
processing steps are comparatively less, resulting in a product with a low level of
contamination. The production of bulk TiAl alloys using spray forming technique
has been demonstrated by a few investigations, which focussed on different
aspects such as microstructure and mechanical properties of spray formed
materials [96-102]. The as-spray formed materials produced were further
processed using HIP or forging to improve their properties [102, 103]. The as-
spray formed and forged material with an average grain size of 2.9um was
reported to posses better mechanical properties compared to as-HIPed y TAB
alloy, with an average grain size of 4 um [102]. It was reported that 2.2 pm was

the smallest grain size achieved using a combination of spray forming and forging
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at 1100°C [103]. Although a few studies demonstrated spray forming of the TiAl
alloys, until now only a limited knowledge on the mechanical properties of spray
formed TiAl alloys has been gained, indicating that further research is necessary

to get a better understanding of the process.

Metal Injection Moulding Plus Sintering

Metal injection moulding (MIM) plus sintering is used for manufacturing of small
components with complex shapes economically. The process involves combining
fine metal powders with plastic binders which allow the metal to be injected into a
mold using equipment similar to standard plastic injection molding machines.
After the part is molded and before the binders are removed, the part is referred to
as a 'green part'. The next step is to remove the binders with solvents and thermal
processes. The resultant metal part is sintered at sufficiently high temperatures.
The products produced by MIM plus sintering are used in a broad range of

applications including medical, dental, firearms, aerospace, and automotive.

The MIM process of Ti and Ti based alloys is challenging, since fine powders
with low impurity levels are required, and also the impurity pick up during the
process makes the process more difficult. Some investigations showed that very
good mechanical properties can be achieved using MIM plus sintering for
producing Ti parts. However, in the production of TiAl based alloys using MIM
plus sintering, the difficulties exceed those for conventional Ti alloys since the
tolerance of oxygen, nitrogen, and carbon in TiAl based alloys is much lower than
that for Ti alloys. Open literature showed only a few investigations used MIM for
the production of TiAl based alloy products [104-106]. The room temperature
tensile properties of the TiAl alloys produced using MIM plus sintering were not
very good with both plasticity and the strength level being low when compared to

those of the TiAl alloys produced using other PM processing techniques.

Investigations by Gerling et. al [104] on Ti-47AIl-4(Nb,Mn,Cr,Si,B) alloy, has
demonstrated a combination of a high strength of 433 MPa and strain to fracture
(1.7%). The impurity concentration of the alloy was reported to be low, when
compared to the Ti-48Al-2Mo alloy studied by K. Katoh et. al [106]. However the

strength levels were found to be approximately the same in both the cases. In all
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these studies, the residual binder present in the samples after the debinding step

was reported to be the main source of oxygen, carbon and nitrogen pickup,

resulting in slightly high impurity levels.

Table 1.2 shows that fine, UFG and nanostructured TiAl based alloys can be

easily synthesised using a combination of PM route and thermomechanical

processing. It is observed that the processing temperature and the TMP technique

used have a considerable effect on the final grain size.

Table 1.2: Thermomechanical processing techniques used and the grain sizes
achieved for gamma TiAl alloys using the PM route.

Composition Studied Processing | Grain | Ref | Composition | Processing | Grain | Ref
(at %) Technique | size Studied Technique | size
(at %)
Ti-47Al-4(Nb,Cr, Mn,Si,B) | HIPed at Ti-47.1Al- Canned
PM (prealloyed powder) 1075°C + 0.9um | [50, 1.1Cr-2.4V Extrusion ~30 um | [77]
Forged 103] | EPM 1150°C +
850°C Annealing
1350
/950/1250°C
Ti-47Al-4(Nb,Cr, Mn,Si,B) 8 um Ti-47.5A1-3Cr | HIP 13um | [107]
PM (prealloyed powder) PIM1410°C [103] | PM 1250°C+
+ HIPed (prealloyed)/ Heat treated
1300°C Mechanically | 1300°C
alloyed
Ti-47Al-4(Nb,Cr, Mn,Si,B) | Sprayed + 0.9um Ti-47Al-3Cr HIPed 180nm | [108]
PM (prealloyed powder) HIPed at [103] | PM(prealloyed | 975°C (dy)
1220°C /Mechanial
Alloyed
powder)
Ti-47Al-4(Nb,Cr, Mn,Si,B) 0.9um | [103] | Ti-47Al-2Cr- | Extruded Inhomo
PM (prealloyed powder) Sprayed + INb-1Ta PM | 1150°C geneous | [109]
Forged (prealloyed) 0.5-5
1100°C um
Ti-47AI-2Cr-1Nb-1Ta Canned 05-1 [35] Ti-47Al- HIPed + 10-15 [92]
PM (prealloyed powder) Extrusion pHm 4(Cr,Nb,Mn,S | Rolled(aty)- | pum
Canned Extrusion 1150°C | 1150°C (d,) i,B) PM phase field+
(prealloyed) Annealed
1000°C
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1.2.2.2 Ingot Metallurgy Plus Thermomechanical Processing

Ingot metallurgy plus thermomechanical processing involves producing the
materials via melting/casting and then processing the as-cast material using HIP,
isothermal forging or extrusion to break down the cast structure, and finish

processing (e.g. rolling, superplastic forming, closed-die forging).

The thermomechanical processing (TMP) methods are used to improve the
quality of the as-cast material. HIP is generally used to eliminate any residual
casting shrinkage pores present in the as-cast alloys. Further TMP is often
required to refine the microstructure after HIP. Xu et al. [110] have demonstrated
that canned forging of the as-cast + HIPed TiAl alloy improved the microstructure.
The microstructure of the as-cast and HIPed ingot consisted of regions with
different compositions, and was homogenized during forging. Secondary TMP
also induces dynamic and static recrystalization to refine the microstructure, and
associated improvement of the mechanical properties. According to Xu et al. [111]
the jacketed forging of as-cast TiAl alloy, in the + y field, improves the as cast
microstructure resulting in crack free pancakes with up to 75% thickness

reduction.

Forging is an important TMP technique to improve the quality of the as-cast TiAl
based alloys [112, 113]. On the other hand extrusion of the TiAl ingots has been
studied by a few researchers, the extrusion of an appropriate ingot of TiAl was
proposed for long products such as flat-bar and rod stock. The process has been
adapted by GKSS in Germany in 2001, for the extrusion of 80 kg ingots of Ti-
45Al-10Nb into a uniform rectangular cross section with good tensile mechanical
properties [114, 115]. Extrusion and isothermal forging are the processes used for
the manufacture of semifinished products and components based on y TiAl. These
processes are continuously optimized and adapted for novel alloys, and have been
used to produce compressor blades for engine testing, but the processing costs
were reported to be very high. The blades have been produced by GKSS in
Germany for Rolls Royce using an alloy composition of Ti-45Al-8Nb with small
amounts of C and B which resulted in excellent high temperature strength. The

blades were a few centimeters long and even for these small parts, the production
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was complicated by the heterogeneous microstructures found in the blades.
Despite the enormous efforts made over the last two decades or so, no cast
components have been produced which meet aerospace requirements of reliability
and cost. A combination of extrusion and isothermal forging was also investigated
by BMW in Germany and Rolls Royce for the production of compressor blades
and vanes [115].

The high dimensional reduction ratio in extrusion and forging is essential in
refining the grain sizes in the ingots processed materials. Rolling of ingots to
produce thin sheets for aerospace applications was investigated by a few
researchers. Clemens et al. [9, 91] have demonstrated the application of two sheet
processing routes; isothermal forging plus rolling and HIP plus rolling for the
production of Ti-47AI-2Cr-0.2Si (at%) sheets with improved mechanical
properties. Table 1.3 shows the various IM plus TMP techniques used and the
final grain size obtained. The results suggest that it is difficult to obtain UFG and
nanostructured materials, using a combination of IM and thermomechanical

processing.

Other advanced TMP techniques such as equal channel angular pressing
(ECAP)/Extrusion have been used for the secondary processing of TiAl based
alloy ingots, produced by the ingot metallurgy route. Generally the application of
ECAP to HCP metals such as Ti and its alloys is challenging, because of the
limited deformability of these materials associated with the fact that since slip
mainly occurs in basal or prism planes in HCP metals [116, 117]. A few reports
have demonstrated that ECAP can be used as secondary processing technique to

produce fine grained TiAl based alloys [117-119].

From the above discussion it is clear that processing of TiAl-based alloys requires
further development before components with quality acceptable to aerospace
applications can be produced at an acceptable cost. The thermo-mechanically
processed samples are extremely expensive and at present the microstructural
heterogeneity of the ingot imposes a size limit on components. Casting technology
needs to be improved and the microstructural control, aiming at refining the

microstructure requires further work.
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Table 1.3: IM plus TMP techniques used and the grain size obtained for near

gamma TiAl alloys

Composition Studied (at %) Processing Grain size | Ref
Ti-47Al-2Cr-0.2Si IM Forged-rolled-annealed
1000°C 9.5 um [120]
HIPed — annealed 1010 °C
Ti-47Al-2Nb-1Mn-0.5(W,Mo,Si) 70 - 180 pm
IM [121]
Ti-47Al-2Cr IM HIP 1250°C + Forged 1200°C | 10-12 um [122]
+ Two step heat treatments
Ti-48Al1-2Cr (at %) IM HIP 1250°C 10 um [123]
+ Heat treatment 1100°C (24-
48hrs)
Ti-47Al-2Cr-1.8Nb-0.2W-0.15B Extruded (> T,) + Heat treated | ~ 30 -33 um | [39]
IM 1320°C/900 °C annealing
Ti-46Al-2Cr-2Nb-0.2W-0.15B IM | Extruded (> T,) + Heat treated [39]
1350 °C/900 °C annealing ~ 258 pm
Ti-48Al-2Cr-2Nb-0.15B IM Extruded (> T,) + Heat treated | ~30-33 um | [39]

1320 °C/900 °C annealing

1.2.3 Microstructures of TiAl Based Alloys

The microstructure of TiAl based alloys play an important role in controlling their
mechanical mechanical properties and the workability. The TiAl based alloys,
produced using IM routes often have macrosegregations [124, 125], which can be
avoided by using PM routes [126]. It is essential to obtain a fine and
homogeneous microstructures suitable for further processing. The different types
of microstructures obtained in these alloys are: (a) near gamma, which consists of
globular y- TiAl grains with a small fraction of o, grains (b) duplex, which consist
of lamellar regions in the y matrix; (c) partially lamellar; which consists of vy /a;
lamellae situated at the interfaces of y and a, phase regions; and (d) fully lamellar,

which consists of alternate y /oy lamellae. The microstructural evolution of both
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IM and PM TiAl based alloys is strongly dependent on the TMP and the heat

treatment conditions.

1.2.3.1 Effect of Alloying Elements

Advanced y-TiAl alloys contain a number of alloying additions, including major
alloying elements such as Cr, Mn, V, Nb, Ta and W, and minor elements such as
C, Si or B. Since phase equilibrium data for such multi-element systems are
generally not available, it is difficult to maintain the optimal volume fraction of
the a, phase while exploiting the beneficial effects of the alloying additions. The
microstructure is affected by the alloying elements and their behaviour is much
dependent on the amount and types of the alloying elements present in the alloy.
The beneficial effects of an alloying element may be affected by several factors,
such as the overall composition of the alloy, processing temperature, processing

condition, and heat treatment condition.

According to Lamirand et. al [12], the microstructure of the binary TiAl based
alloy is near lamellar, with few y grains at grains boundaries, where as the ternary
and quaternary ones are duplex. While the quaternary alloy exhibits fewer y grains
compared to ternary one, leading to smaller grain sizes. It was reported in their
study that chromium destabilizes the lamellar microstructure with respect to y
grains whilst niobium tends to stabilize it. For the alloys containing 0.1
wit% oxygen, the microstructures were still modified by chromium and niobium
additions but their effects were minimized because of the stabilization effect of
oxygen on the lamellar microstructure. These effects were no longer visible for
alloys containing 0.2 wt% oxygen and more. Also there was no evolution of the
ay volume fraction and interlamellar spacing when chromium and niobium were
added. The grain sizes of the ternary and quaternary alloys were similar, with
values typically around 400 pm except for pure alloys whose microstructure is
duplex. On the other hand, grain sizes of the binary alloys were relatively larger,
of about 1.2 mm, whatever the oxygen content is. Also it was demonstrated by
Song et. al [127] that the effect of occupying Al site was expected to be relatively
high when alloying with Cr and relatively low with Mn and V, which was
improve to benefit the deformability of TiAl.
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It was reported that addition of Nb, Zr and Ta was effective in stabilising the
phase, since these elements had similar effects on the B phase at high
temperatures and resulting in identical o/f transus temperatures, and suggesting
that Ta is a stronger solution strengthener than Nb [128, 129]. The fact that Nb
and Ta both slow down the formation of feathery and lamellar microstructures

implies that it may be related to their low diffusivity. There are not many studies
on diffusion in TiAl alloys, but it has been shown that Nb is a slow diffuser in
both TiAl and TizAl with a diffusion coefficient about an order of magnitude
lower than that of Ti. The effect of carbon on the microstructure was studied by
Tian et al. [130] and it was shown that carbon was an efficient solid solution
strengthener in TiAl, and also acted as a precipitation strengthener by fine

dispersion of carbide.

Elements like boron and yttrium are added to refine the microstructure. The
addition of 1 at% boron refines the microstructure irrespective of the composition
[128]. Also Li et al. [131] has demonstrated that the grain size decreases gradually
from 200 to 60 pm with Y addition from 0.3% to 1 .0%. The ay /y lamellar
spacing ranged from 1.3 um in Ti-47A1 alloy to 0. 18 pum in Ti-47A1-0.1Y alloy.
Therefore, Y addition significantly refines the microstructures of Ti-47A1 alloys,

including the refinement of both grain size and lamellar spacing.

1.2.3.2 Effect of Heat Treatment

Heat treatments of TiAl based alloys can refine the microstructure [39]. However,
heat treatments at high temperatures are generally not preferred if UFG and
nanostructures are required. Instead, a number of TMP techniques or a
combination of multi step heat treatments are conducted in succession to
homogenize the microstructures and reduce grain sizes. A variety of
microstructures as discussed above can be achieved using heat treatment at
different temperatures. The microstructural response of the TiAl based materials
to heat treatment has been studied by many researchers [73, 77, 80, 123, 132, 133].
Wang et al. [132] have studied the effect of heat treatment on Ti-49Al (at%) PM
alloy, and found that both the lamellar volume fraction and grain size were
influenced by heat treatment. Partial lamellar structure was observed in their study

with heat treatments at 1300°C for 2hours and 1350°C for 2-5hours respectively,
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and with increasing the holding time o, phase disappeared. Heat treatments at
1350°C for 18-42hours and 1450°C for 18-42hours resulted in duplex and fully
lamellar microstructures. Also the lamellar fraction and grain size increased with
increasing temperature. The same trend was observed by Lee et al. [77] and Zhan
et al. [73] after heat treatment of PM TiAl alloys.

Also Wang et al. [133] has demonstrated that multistep heat treatments on Ti-
47AIl-2Nb-2Cr (at %) IM alloy resulted in grain refinement of coarse lamellar
microstructure (500 pm) to 30 pm, without involving faster cooling techniques
such as oil/water quenching. From their study it has been demonstrated that lower
Nb alloys needed faster cooling rates to produce fine microstructures, since the
Nb addition shifted the (o + y)/y phase boundary to the Al side, resulting in
overall composition being close to y phase, which inturn promoted the massive
transformation process. According to the study conducted by Wang et al. [123],
the rapid heat treatment studies of Ti-48Al-2Cr (at.%) IM alloy significantly
reduced the grain size. After eight cycles of rapid heating, rapid cooling and short
holding, the grain size dirtribution was found to be uniform, and the average grain

size was reduced to ~ 10 um.

1.2.4 Mechanical Properties of v TiAl Based alloys

1.2.4.1 Room Temperature Mechanical Properties

Strength

The strength of the TiAl based alloys was found to be mainly dependent on the
microstructure. The Hall-Petch relation was obeyed in most of the studies.
According to Liu et al. [39], the inter lamellar spacing plays an important role on
the yield strength. It was reported from their study that a smaller inter lamellar
spacing led to a higher yield strength. According to Kim et al [10], differences
exist in yield strengths between duplex and lamellar material. In general the yield
strength of TiAl based alloy with duplex microstructure is higher than the TiAl
based alloy with lamellar microstructure. However lamellar spacing plays an
important role in increasing the strength of TiAl based alloys. The strength levels

for finer lamellar microstructures exceeded that of duplex structures. The fine
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grained equiaxed near gamma and duplex microstructures with small amount of
lamellar colonies show moderate strength at room temperatures, while in the case
of fully lamellar structure strength is high for fine grained microstructures with
narrow lamellae thickness. The yield strength of TiAl based alloys from different
studies was reported to be in the range of 450 — 750 MPa (Figure 1.4) depending

on the grain size and microstructure.

Yield Strength (MPa)

; ®  Ti-47Al-2Cr-0.2Si IM 9.5um [120]
900 7 ® Ti-47Al-2Nb-1Mn-0.5(W,Mo,Si) IM 70 - 180um [121]
228: s Ti-47Al-4(Nb,Cr, Mn,Si,B) PM 0.9um [103,50]
o] v Ti-47.1A1-1.1Cr-2.4V EPM 30um [77]
oo ] Ti-46.5A1-4(Cr,Nb,Ta,B) 10um [91]
650 3 < < Ti-47A1-2Cr-1.8Nb-0.2W-0.158 IM 33MM [39]
600 3 . < Ti-46Al-2Cr-2Nb-0.2W-0.15B IM 258um [39]
o50 ] . ® ® Ti-48A-2Cr-2Nb-0.15B IM 33um [39]
500 - . o a * Ti-47.5A1-3Cr PM 13m [107]
450 . " . ® Ti-48Al-2W PM 13um [110]
400 . . . 3 @ Ti-47Al-4(Cr,Nb,Mn,Si,B) PM 10 - 15um [92]
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Figure 1.4: The temperature dependence of tensile yield strength for near gamma
alloys of different grain sizes.

In compression the TiAl based alloys showed high yield strengths as compared to
that in tension (Figure 1.5). At ambient temperatures, UFG y TiAl based alloys are
characterized by high values of hardness and compressive yield strength. From
open literature, the maximum strength of UFG y TiAl based alloys is 2500 MPa
[134], which is almost double of that of coarse grained counterparts [135, 136].
According to the Hall-Petch equation, the yield strength should decrease with
increase in grain size, which explains the reason why TiAl based alloys with

coarse grain sizes show low yield stresses.
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—m— Ti-48Al-2Cr-2Nb IM 105um [135]
—@ Ti-48A-2Cr-2Nb PM <1uym [135]
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2500 —w— Ti-47A1-2Cr-INb  [113]
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— < Ti-48A1-2W IM 75um [152]
2000 - Ti-48Al 0.15 pum [134]
— o Ti-48.9AI PM 0.67 [1]
—%— Ti-50Al 65um [136]
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Figure 1.5: Yield strength in compression as a function of temperature for the
TiAl based alloys of near gamma composition with different grain sizes.

Ductility
The ambient temperature tensile ductility of y TiAl based alloys of a near gamma

composition range with respect to grain size is shown in Figure 1.6. The near
gamma alloys [39], are generally found to be brittle at ambient temperatures. The
ductility of the TiAl based alloys in most of the cases was found to be in the range
of 0 — 2%, indicating low elongations. According to Kim et.al [10] ductility is
primarily controlled by the amount of general yielding which will be greater for
small grain sizes. As grain size decreases, however, microstructure nonuniformity
and the lowered crack initiation toughness limit the ductility enhancement. So the
low room temperature ductility of UFG and fine grained TiAl based alloys was
expected to be high due to the microstructural homogeneity in these materials.
Achieving a homogeneous microstructure in addition to UFG is important. Until
now, it has been found to be a challenge to improve the room temperature
ductility of these alloys. Although PM route is more promising in producing UFG
structures, which was expected to improve the ductility. The problems of high
oxygen and carbon content especially while using elemental powders was found
to be a problem. However a few studies on Ti-47AIl-2Cr (IM) alloy with grain size
10pum [122] and Ti-47Al-1.1Cr-2.4V (PM) alloy with grain size 30um [77], have
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reported good ductilities of 6.7% and 3.3% respectively, mainly due to
homogeneous microstructure. Xu et. al, [110] has shown that near lamellar
microstructure exhibited inferior ambient temperature properties due to its poor
ductility, higher brittle to ductile transition temperature and anisotripic tensile
properties. Anisotropic behaviour in properties was observed in the lamellar
microstructures, and attributed to the lamellar orientation with respect to the
loading axis. The deformability was good when principal slip occured in a
direction parallel to the lamellae. The fine grained equiaxed duplex
microstructures with small amount of lamellar colonies showed moderate tensile
ductility at room temperatures, while in the case of fully lamellar microstructure
considerable room temperature ductility can be achieved for relatively fine
grained microstructures with narrow lamellae thickness. In general the finer the
lamellar spacing was, the better the room temperature ductility was, but this has
not been quantified [10, 137].

On the other hand the alloying elements were found to have considerable effect on
the room temperature ductility. Elements such as Cr, and V increased the ductility
at room temperature, since they lower the stacking fault energy which increases
the separation between the partial dislocations, stabilizing the twin partial
dislocations. Addition of Mn, S may degrade ductility and strength, because they
have the tendency to segregate at the grain boundaries during thermomechanical
processing and heat treatment, promoting intergranular fracture [138]. This means
that Cr and V are preferred alloying elements to improve the room temperature
ductility. It was reported that addition of Zr up to 2 at% concentration, improved
the mechanical properties (both strength and ductility) at room and elevated
temperatures [139]. Interstitial elements such as O (oxygen), N (Nitrogen), and C
reduce the ductility when their concentration is too high. It was reported that
oxygen content of 0.03% or below was expected to increase the room temperature
ductility of the TiAl based alloys [140, 141]. Especially, while using elemental
powder metallurgy, the high oxygen content and the inhomogeneous
microstructures obtained in these alloys leads to very low ductilities [142]. Since
oxygen is a o stabilizer, a high amount of oxygen is expected to stabilize the oy
phase which in turn effects ductility of the TiAl based alloys. Although the a;

phase absorbs the interstitial elements such as carbon, oxygen improving the
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ductility of the TiAl based alloys, a high amount of it is detrimental because of its
inherent brittle nature, it has been suggested that 10-15% of o, phase is optimum
for ductility [143, 144].

—m— Ti-47A1-2Cr-0.2Si IM  [120]
—m— Ti-47AI-2Nb-1Mn-0.5(W,Mo,Si) IM [121]
I Ti-47A1-4(Nb,Cr, Mn,Si,B) PM [103]
—m— Ti-47A-4(Nb,Cr, Mn,Si,B) PM [103]
Ti-47A1-4(Nb,Cr, Mn,Si,B) PM [103]
1 —m Ti-47A1-2Cr IM [122]
5 Ti-47.1Al-1.1Cr-2.4V EPM [77]

c

o

g . —m - Ti-46.5A1-4(Cr,Nb,Ta,B) [91]

g —m— Ti-47Al-2Cr-1.8Nb-0.2W-0.15B IM [39]
o 41 . —m— Ti-46A1-2Cr-2Nb-0.2W-0.15B IM [39]
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Figure 1.6: The ambient temperature tensile ductility of y TiAl based alloys of a
near gamma composition range with respect to grain size.

The ductility was found to increase in compression due to the more active slip
systems present in these alloys as compared to that in tension. Some studies have
demonstrated that the deformability in compression is ten times more than that in
tension [136]. The compressive ductility was higher for coarse grained materials
as compared to UFG TiAl alloys, since the material with a very high yield
strength may fracture due to the very small flaws in the specimen [134]. So
compressive ductility in the UFG TiAl based alloys was reported to be more

dependent on the crack nucleation and propagation during compression.

Fracture Behaviour

The fracture behaviour at ambient temperature was reported to be mainly
dependent on microstructure. In most of the cases cleavage fracture was found to
be dominant at room temperatures, the fracture remained brittle at temperatures in
the range from RT up to 800°C, depending on the grain size and microstructure of

the alloy. At room temperature the dominant fracture mode in duplex structure
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was reported to be transgranular in the equiaxed gamma grains and interlamellar
in the lamellar grains. In the near lamellar structure the fracture mode is
transgranular in the equiaxed gamma grains and interlamellar with some degrees
of translamellar fracture in the lamellar grains. The fully lamellar structure was
found to exhibit three characteristic fracture features: translamellar, interlamellar
and stepwise fracture, and the duplex structure was found to be ductile at room
temperature [110, 145]. The fracture of near gamma alloys is predominantly

transgranular cleavage [39].

The fracture behaviour of TiAl based alloys in compression was studied by a few
researchers. According to Nonaka et. al [136] the crack nucleation and
propagation play an important role. It was demonstrated that most of the cracks
initiated at the centre where the hoop stress and bulge strain are largest, and
propagate in direction parallel to the compressive axis. Works on compressive
fracture behaviour on TiAl alloys by Cao et. al [146] have also demonstrated that
crack may be driven by the tensile stresses perpendicularly to the compressive
axis (cleavage crack parallel to the compressive axis) or driven by the shear stress
(tearing crack inclined to the compressive with an angle close to 45°). In both
cases, the driving stress is much lower comparing to the case of the tensile test at
same load, which in turn needs a larger load to propagate the crack, resulting in
higher fracture stress. The superior strength and plasticity measured in
compression tests relative to those measured in the tensile tests are attributed to
the less deteriorate effects of the micro-cracking damage and the higher resistance

to the shear cracking than the resistance to the tensile cracking of TiAl alloys.

1.2.4.2 Elevated Temperature Properties

Strength

The temperature dependence of tensile yield strength of near gamma alloys of
different grain sizes is shown in Figure 1.4. Generally the yield strength of most
of the alloys decreases with increasing temperature. The rate of decrease of the
yield strength was found to be dependent on the grain size. The smaller the grain
size is, the faster the decrease of yield strength with temperature. However fully

lamellar structures have demonstrated better high temperature properties as
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compared to duplex structures. PM processed TiAl based alloys with fully
lamellar microstructure having o, and y lamellae thickness 10-50 nm and 100-350
nm were found to be superior in creep resistance to that of TiAl alloys produced
using conventional processing techniques [35]. So it can be concluded that,
achieving the desirable microstructure is essential to obtain remarkable
mechanical properties. It is essential to obtain UFG grain size, initially in these
alloys, to reduce processing temperatures, especially to improve the hot
formability of these materials. On the other hand coarse grain size is preferred, if
creep resistance is of main concern [134]. Depending on the requirement a few
alloying elements are added to improve high temperature properties. Elements
such as Nb, W and Ta improve the oxidation and creep resistance, since these
elements result in a more effective substitutional solid solution strengthening [23,
91, 128, 147-149].

The effect of temperature on the compressive yield strength of TiAl alloys
produced using different processing techniques is shown in Figure 1.5. Both the
drop in yield strength and reduced brittle to ductile transition temperatures make
UFG TiAl based alloys as promising materials for hot working in compression.
The ultrafine grained microstructures with randomly high angle boundaries
promote deformation at elevated temperatures and lead to highly workable
materials [134]. The yield stresses of the UFG TiAl based alloys at temperatures
greater than 800°C were reported to be quite low ~ 40 MPa as compared to their
coarse grained counterparts (Figure 1.5). The dominant deformation mechanisms
at elevated temperature was found to be dislocation climb, while in some cases
grain boundary sliding (GBS) accommodated by diffusional processes within the
gamma TiAl phase, indicating superplastic behaviour [1]. Grain boundary sliding
was only observed in the grain size range of 0.3-5um [1, 134]. The diffusional
deformation mechanisms at elevated temperatures (> 800°C) for coarse grained
TiAl alloys [113, 150-152] were found to be the same as that for UFG TiAl alloys.

Ductility
Elevated temperature ductility y TiAl alloys is reflected by the brittle to ductile

transition temperature (BDTT), which shows the lowest temperature at which

these alloys can be hot worked. Figure 1.7 illustrates the temperature dependence
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of elongation of near gamma TiAl based alloys with different grain sizes, in which
the elongations have drastically increased above 600°C. The BDTT of these alloys
was also found to be between 650 and 800 °C, depending on the alloy composition,
grain size and microstructure [107], with fine grained microstructures causing
lower BDTT.

Above BDTT the ductility increases considerably due to a significant increase in
mechanical twinning as well as dislocation activity [23]. However Wu et al. [78]
have reported a BDTT of ~ 500°C, which was mainly due to the homogeneous
microstructure consisting of a higher volume percent of equiaxed gamma TiAl
phase. It was reported that high temperature tensile deformation induced
cavitation by the formation of voids at a distance from the neck, near the fracture
end [1]. Some studies have demonstrated the increase in caviation as the distance
from fracture end increased [1, 50], but reducing the grain size was a counter
measure to reduce caviation. The PM TiAl based alloys were found to be more
prone to cavitation due to the thermally induces porosity and in some cases the
residual porosity. Also tensile tests at elevated temperature showed superplastic
behaviour of the alloys in some cases, since testing at high temperatures and low
strain rates accentuates superplastic behaviour. The large amount of elongation is
achieved by the suppression of necking in these materials which have a strain rate
sensitivity (m). The super plastic behaviour (SPB) occurs at T > 0.5T,, where T,
is the melting point of the TiAl based alloys in Kelvin scale.

Since the flow stress of these materials is considerably low at low strain rates,
complex shapes can be readily formed under superplastic conditions. The
requirements of superplasticity are fine grain sizes (< 10 um) and a dispersion of
second phase particles, which inhibits grain growth at elevated temperatures.
However SPB of intermetallic materials can noticeably differ from the SPB of
ordinary metals and alloys due to the existence of a sharply directional covalent
component of interatomic bonding in them. An ordered atomic structure, limited
number of slip systems, low dislocation mobility, high activation energy for
diffusion and a complex grain boundary structure. All these factors have proven
that SPB for intermetallics occurs at temperatures above 0.7T,, which is hardly

applicable for manufacturing articles under SP conditions. At this juncture UFG
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and nanostructured materials which are expected to decrease the homologeous
temperatures of superplasticity of TiAl based alloys comparable to that of
ordinary metals and alloys makes them ideal materials for near net shaped
technology. So the development of superplastic TiAl to produce near net shaped
structural components has become technologically feasible and attractive [153].
The main deformation mechanism for the superplastic TiAl based alloys was
found to be grain boundary sliding (GBS) [1]. Cavitation also occurs in

superplastic condition, but a uniform elongation without necking is observed here.

In compression the TiAl based alloys are formable without cracking. In most
cases, deformation of > 50% was easily achievable at ~ 800°C. However the
smaller the average grain size is, the lower the formability temperature of these
alloys is. Oehring et al. [134] has demonstrated that deformation of > 50% can
be easily obtained at 600°C, which was mainly due to the UFG structure.
According to Beddoes et al. [151], the formable temperature was > 1000°C for a
TiAl based alloy with coarse grained structure. The same type of behavior was
reported for a coarse grained material studied by Kim et al. [152]. Cracking of the
specimens, during high temperature compression was also reported by a few
studies. According to Beddoes et al [151], the chance of cracking of the TiAl
alloy containing Cr was high as compared to the alloy with W addition. This was
mainly attributed to the large fraction of the p phase in the TiAl alloy containing
W, which controlled the grain coarsening by dynamically recrystallization of the
grains, during compression. Overall the compressive formability of the TiAl based
alloys at elevated temperatures is good, but the formable temperatures of these

alloys was mainly dependent on the microstructure and grain size.

Fracture Behaviour

The fracture surface of the TiAl based alloys fractured at elevated temperatures
consisted of largely tearing and microvoid related dimpling. Change in the
fracture mode from transgranular (cleavage) to predominantly intergranular was
observed when the deformation temperature was increased from 800 to 1200°C.
The fraction of the intergranular component was found to increase with increasing

temperature [39, 108, 154]. On the other hand the size and alignment of cavities
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Tensile Elongation (%)

to the tensile direction was reported to be important, in the initiation of fracture of
these alloys [155].

Since most of the studies have demonstratred good formability of the TiAl based

alloys in compression, the literature on the elevated temperature compressive

fracture behaviour was found to be scarce.
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Figure 1.7: Temperature dependence on tensile elongation of near gamma TiAl
based alloys with different grain sizes.

1.2.5 Discussion

Extensive research on TiAl based alloys has led to the optimisation of the alloy
composition, the understanding of their behavior during processing and the
establishment of the mechanical properties/microstructure relationships. The
microstructures in these alloys were found to be strongly dependent on the
processing technique used and conditions. Both IM and PM routes have been
successfully used in producing these alloys. IM alloys are found to be good for
high temperature mechanical strength due to their cast texture and large grains.
However segregation and reproducibility are partly unsolved problems in gamma

TiAl ingot manufacture. The PM approach has been found to be a serious
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alternative to the IM route. By using PM route and prealloyed powders, the
severity of the problem associated with element loss and segregation is drastically
decreased, but this approach is highly expensive. In addition the problems of
oxygen pickup and powder contamination are a major concern. On the other hand,
using PM route and elemental powders proved to be economical and promising
technique in producing UFG and nanostructured materials. Although a few studies
have demonstrated the production of high quality materials, the problems
associated with contamination and oxygen pickup are difficult to solve. In
addition the inhomogenity of the microstructure of the consolidated material is
found to be a common feature, for the alloys produced using this route. So a lot of
research work by many investigators has been concentrated on improving the
microstructures of these alloys using various thermomechanical processing
techniques. The thermomechanical processing of TiAl based alloys produced by
both IM and PM routes produce fine, UFG, nanostructured TiAl based alloys (in
the case of PM alloys) and for the improvement of microstructure (in the case of
IM alloys).

The TiAl based alloys in general are found to be brittle at room temperature, but
the fine, UFG and homogeneous microstructures obtained, through
thermomechanical processing and heat treatments have demonstrated better
ductility (~ 5%) at room temperature. At elevated temperatures, the UFG TiAl
based alloys become softer with low flow stresses, indicating favourable
conditions for hot working of these alloys. Since grain refinement and grain
growth in these alloys prevail, depending on whether a certain strain rate or stress
level is exceeded or not, a balance between dynamic recrystallization and grain

growth is reported to be crucial for elevated temperature deformation.

The main reason for the grain growth in the nanostructured and UFG TiAl alloys
is due to the large amount of stored grain boundary enthalpy. On the other hand
UFG and nanostructured TiAl alloys increase the uniformity of deformation at
elevated temperatures facilitating grain boundary sliding and interaction of lattice
dislocations with grain boundaries, inhibiting the deformation twinning. This
results in high plasticity at low temperatures, indicating superplastic behaviour.

The UFG TiAl based alloys provide fast stress relaxation compared to their coarse
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gained counterparts during the deformation consisting of interaction of
dislocations with grain boundaries and the grain boundary sliding. So most of the
UFG TiAl alloys were reported to exhibit superplastic behaviour at lower
temperatures when compared to their coarse grained counterparts. This reflected
by the reduced brittle to ductile transition temperatures. The deformation
mechanisms under superplastic conditions in these alloys were found to be grain
boundary diffusion controlled either by grain boundary diffusion or bulk diffusion
depending on the temperature at which superplasticity occurs. The low flow
stresses and high deformations of the UFG TiAl based alloys indicated favourable
conditions for near net shape casting. However a lot of work is yet to be done on
the processing side such as developing the thermomechanical processing of ECAP
and thermal treatments to modify the microstructure, and also on the
microstructure texture property relationships of the rolled, powder forged,
extruded TiAl based alloys produced using PM route.

On the other hand, the manufacture of structural components has shown a degree
of maturity achieved in the fundamental understanding of TiAl based alloys and
the engineering technologies. Gamma TiAl based alloys are used both for
stationary gas turbines and jet engines. The high structural stiffness, reduced
leakage, lower thermal mechanical stresses and improved resistance to self
sustained combustion appear to be feasible by using TiAl blades and casings in
high pressure compressors. Also due to high fatigue resistance and reduced rotor
stresses, the use of TiAl based alloys to make low pressure turbine blades is also
beneficial [156]. In automobile applications [4], TiAl rotors have offered better
transient response and burst test performance than Inconel 723 and ceramic rotors
[28]. Motor components such as piston bolts, valves and connecting rods etc, are
currently being made using y TiAl alloys, due to their combination of low density
and good high temperature mechanical properties. TiAl turbo charger used in the
Lancer Evolution series cars has also been successful, since they have perform
better than the Inconel 713 alloy [27]. Exhaust valves produced by elemental
powder metallurgy have been tested successfully by Liu et. al [157]. The y TiAl
based alloys are also considered as potential materials for the airframe structures,

TiAl foils produced using superplastically forming of sheet material can be laser
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welded to form honeycomb structures combining high stiffness, low weight and

low thermal conductivities [156].

1.2.6 Summary

The production of Gamma TiAl based alloys using different processing
techniques, and their microstructure and mechanical properties have been

reviewed. The main conclusions of the literature review are as follows

e IM processing route hs been successful in producing TiAl based alloys,
however the problems due to segregation, elemental loss and fracturing were
frequently encountered. Also several processing steps are needed to refine the

grain size, made the process complicated.

e PM route using prealloyed powders have resulted in high quality materials,
with homogeneous microstructures and remarkable mechanical properties, but
the prealloyed powder metallurgy is expensive and the problems of oxygen

pickup and contamination has to be minimized.

e Elemental powder metallurgy route has been reported to be an economical and
promising technique in producing UFG and nanostructured TiAl based alloys,
but the problems of contamination and oxygen pickup are more severe as

compared to prealloyed powder metallurgical route.

e Microstructures of the TiAl based alloys are mainly dependent on several
factors including: composition, processing route, processing temperature, and

the number of processing steps used.

e Achieving a high quality material with homogeneous microstructure is
important in improving the mechanical properties, especially at room

temperature.

e At elevated temperatures the UFG TiAl based alloys have good formability

both in tensile and compressive directions.
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More research has yet to be done on the production of y TiAl based alloys
using EPM, especially using the processing techniques like canned/uncanned
powder forging, rolling and a combination of these processing techniques can
be promising, if successful EPM will be the best cost effective processing

technique to produce near net shape materials.
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Chapter 2

Experimental Procedure

2.1 Powder Preparation

Elemental powders of titanium (99% pure, 100 mesh), aluminium (99% pure,
average particle size 40 um) and chromium (99% pure, -325 mesh), were added in
required proportions according to Ti-47AI-2Cr (at %) composition. For 100 gms
of powder mixture, 0.64 gms of stearic acid was added, which was used as a

process control agent (PCA).

The powders were sealed in a hardened steel vial together with stainless steel balls
of diameter 12.5 mm under argon atmosphere (oxygen content ~ 100 ppm) in a
glove box. A ball to powder ratio of 5:1 was used for both mixing and milling
operations. The powders were initially mixed for duration of 6hrs at 100 rpm
speed without any interval, prior to high energy ball milling at a speed of 400 rpm.
After mixing, the powders were milled for a net time of 6 hrs, with 30 minutes
interval. The vial was opened in the glove box to collect a few grams of powder
after mixing and 6 hrs of milling, for analysis. The 6hrs milled powder was further
milled for another 6 hrs with an interval break of 30 minutes leading to a total net
milling time of 12 hrs. Both the mixing and milling of the powders were carried
out in a Retsch PM100 planetary mill. The image of the vial and the planetary mill
used for preparing the powders is shown in Figure 2.1.

The sticking of the powder to the vial and the balls was observed after 6 hrs of
milling, and the sticking was found to be more pronounced after 12 hrs of milling,
in which almost all the powders were found to be stuck to the vial. A higher
amount of PCA was not used, since it may increase carbon contamination,
degrading the quality of the powder. After 12 hrs of milling the vial was opened
in the glove box and ethyl alcohol was used to regain the powder, this was done

by milling the stuck powder with ethyl alcohol for approximately 2 minutes. The
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wet powder was then filtered and dried in an oven kept at 50°C for 24 hrs before
compaction. The yield of the powder after 12 hrs of milling, excluding the powder

fractions taken at each stage was found to be around 93-95%.

Figure 2.1: The Retcsh Planetary mill with the stainless steel vial used for milling
the powders.

2.2 Powder Compaction and Canning

The milled powders were uniaxially pressed using a hydraulic die press. The
powders were compacted in a cylindrical die made of hardened H13 die steel with
internal diameter of 34 mm respectively. Cold pressing was done for a duration
of 10 minutes with a pressure of 35 MPa to produce a powder compact, and then
the powder compact was cold isostatically pressed (CIPed) at 200 MPa pressure

for 5 minutes.

Canning was done using 316 stainless steel tubes. The wall of the tubes was
machined to make its thickness to be approximately 1 mm, and the internal
diameter of the tubes to be around 34 mm. One end of each tube was covered by a
round stainless steel plate, which was welded on to the tube, and then a green
powder compact was slid into the tube to perfectly fit in the space, leaving a very
small gap between the wall of the tube and the powder compact. A round stainless
steel plate with a thin hollow tube welded on top was used to cover the other end
of the tube. This was done by welding the plate and thin hollow tube assembly to

the tube. The thin hollow tube was used for degassing purpose.
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The degassing of the canned powder compacts was done by heating to 300°C, and
holding at this temperature and evacuating the can for one hour. The degassing
set-up is shown in Figure 2.2(a). After degassing the thin tube was crimped using
a fixture specially designed for this purpose, which is shown separately in Figure
2.2(b). After crimping, the outside portion of the thin tube was cut using a
hacksaw and finally sealed by welding. The image of a degassed and sealed can

ready for consolidation is shown in Figure 2.2 (c).

Figure 2.2: (a) the set up used for degassing of the canned compacts; (b) fixture
used to crimp the tube of the can in order to seal it, and; (c) sealed can after
welding ready for consolidation.

2.3 Powder Consolidation

2.3.1 Hot Isostatic Pressing

The powder compacts of 40 mm in height and 34 mm in diameter were canned
and degassed as explained above. The CPSI SL-1, HIP system model in the
University of Waikato was used to HIP the canned powder compact for producing
HIP1 samples. On the other hand the HIP of the second set of samples HIP2 was
conducted at American Hot Isostatic Presses Inc, Columbus, USA. The HIP cycle
of the canned compacts used for the production of the HIP1 and HIP2 samples

were shown in Figure 2.3. A heating rate of 6°C/minute was used to reach 300°C,
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followed by a heating rate of 10°C/minute from 300°C to 1000°C. The pressure
was applied at the rate of 4 MPa/minute, starting from 500°C, so that a pressure
200 MPa was assured at 1000°C. The compacts were HIPed at 1000°C for a
duration of 2 hrs and 200 MPa pressure for HIP1 sample and for a duration of 3

hrs and 200 MPa pressure, for HIP2 sample respectively. Finally a cooling rate of

20°C/minute along with a pressure reduction of 5 MPa/minute was used to reach

atmospheric conditions.

Temperature (°C)
1 }
-

T T T T T T
o 50 100 150 200 250 300
Time (Minutes)

Figure 2.3: (a) HIP furnace used to produce HIP1 compact; (b) HIP cycle used
during the process.

2.3.2 Powder Compact Forging

In the case of powder compact forging, the canning procedure used was the same
as explained above. The two-step forging and one-step forging were both used.
Press forging was done using a press of 500 ton capacity. Two-step forging was
done as a trial experiment to produce consolidated bulk material (Forge-1 sample),
for a preliminary study. In the two-step forging the sample was heated to 1200°C,
using a heating rate of 14°C/min. The sample was took out, from the furnace after
holding for 10 minutes at 1200°C, and then forged to reduce the height from 25
mm to 15.2 mm equivalent to an height reduction of 39% after first pass, using a
crank press. The sample was then put back into the furnace and kept for 30
minutes, and heated back to 1200°C. The sample was then forged again to reduce
the height from 15.2 mm to 8.4 mm, resulting in a further height reduction of 27%.
A total height reduction of 67% was achieved in the two-step forging. While in
the case of one-step forging (Forge-2, sample), the sample was heated to 1150°C,

using a heating rate of 15%minute. The sample was press forged from an initial
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height of 40 mm to a final height of 12 mm, in one-step, resulting a total height
reduction of 62%.

2.4 Sample Characterization
2.4.1 Particle Size Determination

The particle size distributions of the powders were determined using “Mastersizer
S and MasterSizer 2000” particle size analyzers. Powders were dispersed
ultrasonically in water and a few drops of 5% Nonidet P40 solution was used as a
dispersant to avoid any agglomeration of the powders during the analysis.

2.4.2 Differential Thermal Analysis

Differential thermal analysis (DTA) of the powders was undertaken using a SDT
2960 instrument. The powders were loaded into an alumina crucible, and heating

was done to 1000°C, at a heating rate of 30°/minute in an argon atmosphere.

2.4.3 X-Ray Diffraction

X-ray diffraction (XRD) was used to analyse the phases present in the powder and
consolidated samples. The equipment used was a Philips X’ Pert system, using a
CuK, radiation. The X-ray tube was set at 40 KV and 40 mA. Typical XRD
scanning conditions were a scan range of 20 - 100° 20 at a scan speed of
1.2°/minute. The results were interpreted using the PCPDF WIN software.

2.4.4 Oxygen analysis

The oxygen analysis on the bulk consolidated and the powder samples was done
in the Central South University China. Oxygen analysis on a few specimens was

also done in Durkee Testing laboratories USA.
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2.4.5 Microscopy

The bulk samples for characterization were cut using either surface topography or
cross sections of the powder particles and the bulk samples were studied using
optical microscopy (Olympus BX60), scanning electron microscopy (SEM)
HITACHI S4000SEM and HITACHI S4700SEM and transmission electron
microscopy (TEM) using CM30 Philips operated at 200 KV.

For the SEM and optical microscopy the powder samples were prepared by cold
mounting in the epoxy resin plus hardener. While in the case of bulk samples,
mounting was generally not used. In the case of bulk samples, most of the samples
for characterization were cut using an electro discharge machining (EDM) wire
cutter shown in Figure 2.4, while a few were cut using diamond wheel cutting
machine. The samples were subjected to a series of polishing steps as shown in
Table 2.1. The initial polishing was done using 320 and 600 grit SiC papers,
followed by intermediate polishing using 1000, 2000 grit SiC papers. Finally 4000
grit SiC papers were used, followed by Alumina dispersion to obtain the scratch
free samples for microstructural analysis. In a few cases a grinding wheel was
used to flatten the bulk samples before polishing. The polishing of the samples
was done using a Rotopol-21 polishing machine.

Figure 2.4: The electro discharge machine used to cut the bulk consolidated
samples
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All the samples after polishing were ultrasonically cleaned and dried, before the
microstructural examination. On the other hand etching using Krolls reagent was
done on some samples. The Krolls reagent was prepared using 92 ml of distilled
water, 6 ml of HNO3 and 2 ml of HF, and the typical etching time used was 10-15

seconds.

The TEM specimens were prepared by cutting 3 mm disks from the bulk material
and the samples were thinned down to ~ 100 um and finally jet polishing was
done using a mixture of 60% methanol, 35% Butanol and 5% perchloric acid. The
quality of the specimens prepared using jet polishing was not good enough. A
few of the TEM specimens for analysis was also prepared using focus ion beam
technique (FIB) at the University of Birmingham (U K).

Table 2.1: The sample preparation, steps used for the microstructural analysis.

Steps SiC Polishing Paper Wheel rotation
Initial Polishing 320 300/150rpm
Initial Polishing 600 300/150rpm
Intermediate polishing 1000 300/150rpm
Intermediate polishing 2000 300/150rpm
Final Polishing 4000 300/150rpm
Final Polishing Alumina dispersion 300/150rpm
(0.3um)

2.4.6 Density Measurement

The density of the powder compact was measured by dividing the weight of the
compact in air by the volume of the compact, as shown in Equation 2.1.

Weight of the compact 2.1)

Density of the powder compact
Volume of the compact
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The Archimedes method was used for measuring the density of the bulk

consolidated samples using Equation 2.2 [1].

Weight of the samplein air

Densit =
Y Weight of the samplein air — Weight of the sample in water

2.5 Mechanical Testing

2.5.1 Microhardness testing

The microhardness testing, has been done using a LM700 microhardness tester, in
which a square based diamond indentor was used, and the vickers hardness
number (V H N) is defined as the applied load P divided by the surface area of

the indent impression as per Equation 2.3 [2].

VHN = 1854.4iP (2.3)
(22)
Where P is the indentation load, and 2a the average diagonal measurement. The
micro hardness in the present work was measured mostly by using a load of 100
gf and loading duration of 10 seconds and 25 gf and loading duration of 20

seconds.

2.5.2 Macrohardness testing

The macrohardness was measured on the consolidated samples using, LCR — 500
hardness tester. The Rockwell hardness on C scale (Rc) was measured using a

diamond indentor using a load of 150 kgs.

2.5.3 Tensile testing

The samples for tensile testing were cut using EDM wire cutter, in which most of
the wire cutting was done at the University of Waikato. The tensile specimens
were polished using 600, 1000, 2000 and 4000 grit SiC polishing paper and
ultrasonically cleaned and dried, before tensile testing. An INSTRON 4204 tensile

testing machine was used for testing the samples both at room and elevated
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temperatures. The set up used for room temperature tensile testing is shown in
Figure 2.5(a). For room temperature tensile testing a cross head speed of

approximately 0.05 mm/minute was maintained in most of the cases.

In the case of tensile testing at elevated temperatures the specimen along with the
fixture was heated using a tube furnace. For all the elevated temperature tensile
testing a heating rate of 6°/minute was used to reach the testing temperature and a
holding time of ~ 5 minutes was used at the testing temperature before starting the
tensile testing. For all the elevated temperature tests, argon was purged from the
top of the tube furnace. The set up used for elevated temperature tensile testing is
shown in Figure 2.5 (b). The elevated temperature tensile testing was done using a
cross head speed of approximately 0.096 mm/minute. Although the cross head
speeds were kept almost constant for the room and elevated temperature tested
samples, the strain rates differed due to the different specimen gauge lengths used

for different samples.

For the HIP1 sample tensile testing samples of 16 mm gauge length, with a cross
sectional areas of 2x1 mm? were used (Figures 2.6 (a) and (b)). Tensile testing at
room temperature was done with a strain rate of 6x10°/sec and at 800 °C, 900 °C
and 1000°C a strain rate of 1x 10™ /sec was used. The tensile testing samples
profile was changed, in order to avoid sharp corners as shown in the (Figure 2.7
(@) which were cut from Forge-1 sample, with a gauge length of 14 mm and a
cross sectional area of ~ 2x2 mm? was used with a strain rate of ~ 6 x 10°/sec at

room temperature.

The sample size was slightly reduced in order to cut more samples for tensile
testing, from Forge 2 sample. Tensile testing specimens with a gauge length of 6.5
mm (Figure-2.7(b)) were cut for room temperature testing and those with a gauge
length of 8.5 mm (Figure 2.7(c)) for elevated temperature testing and strain rates
of 1.4 x 10™/sec and 1.88x10™*/sec were used at room temperature and elevated
temperature tensile testing (900°C) respectively. The specimens for testing were
cut from the central regions of the disk. In the case of HIP-2 sample, tensile
samples with a 8.5 mm gauge length were used (Figure 2.7 (d)) and testing was

carried out at room temperature, and at different elevated temperatures of 700 °C
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750 °C and 800 °C. A strain rate of 1 x 10™/sec was used for tensile testing at
room temperature, and a strain rate of 1.88 x 10™/sec was used for elevated

temperature tensile testing.

Figure 2.5: Tensile testing set up for (a) room temperature testing and; (b)
elevated temperature testing.

(@)

Figure 2.6: (a) schematic of the tensile sample cut from HIP1 sample, and (b)
shape of tensile specimen

m

Figure 2.7: shape and size of the tensile specimens cut from: (a) Forge-1 sample;
(b) and (c) Forge-2 sample; and (d) HIP-2 sample.
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2.5.4 Compression testing

Compression testing was done both at room and elevated temperatures from the
samples cut from HIP1 and Forge-2 materials. In the case of HIP1 sample, the
compression samples of 6 mm diameter were cut using spark electrode cutting.
The 6 mm diameter cylindrical bars were further cut into ~ 11 mm length,
followed by grinding to make the end surfaces flat. Finally specimens of 6 mm
diameter and 10.5 mm in height were used for compression testing at room

temperature and at 900°C respectively.

While in the case of Forge-2 sample, EDM wire cutting was used to cut
compression test specimens of 4 mm in diameter and 7 mm in height for room
temperature testing, and specimens of 8 mm in diameter and 10 mm in height for
elevated temperature compression testing at 900°C. The specimens were cut from
the central region of the forged disk. After cutting the specimens into the required

dimensions, they were made flat on both sides by grinding them.

Irrespective of the method of cutting the samples was polished using 2000 grit
SiC paper, to avoid any scratches initiated while grinding. The compression
samples cut from HIP-1 using spark electrode cutting and specimen cut from
Forge-2 sample using EDM wire cutting for room and elevated temperature

compression testing are shown in the Figures 2.8 (a), (b) & (c).

()

10.5 mm

Figure 2.8: Compression samples cut from (a) HIP-1 using spark electrode
cutting. Forge-2 sample using EDM wire cutting for (b) room temperature testing,
& (c) elevated temperature testing.

In the case of HIP1 sample, the compression testing was done at room
temperature, with a strain rate of approximately 8 X 10 /sec and a strain rate of
1.16 x 10™ /sec was used at 900°C. While for Forge-2 sample, the room
temperature compression testing was done with a strain rate of ~ 1.2 x10™/sec and
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the elevated temperature compression testing was done with a strain rate of 1.16x
10™/sec. The room temperature compression testing was done using INSTRON
4204 machine. For the room temperature compression testing, the specimen was
placed in between small silicon carbide (SiC) cylinders of ~ 10 mm diameter and
10 mm in height on both sides, in order to protect the anvils made of H13 tool
steel due to its high hardness. Since SiC was very brittle, high Cr steel was also
tried, but was not useful, since the compression testing samples made an indent on

the high Cr steel. So the experiments were done only by using SiC cylinders.

The experimental set- up used for the room compression temperature testing, is
shown in Figure 2.9. The sample is kept in between silicon carbide cylinders and
a plastic tube was used for safety, and also to collect the shattered pieces during
the compression testing. High temperature compression testing was done by using
a Gleeble thermo mechanical simulation machine in the Shanghai Jiaotong
University, China. The compression testing was done with a strain rate of 1.16 x
10™/sec both for the specimens cut from powder forged (Forge-2) and HIPed
(HIP1) materials. The testing was done in a vacuum atmosphere of 3.7 x 10" torr.
During the experiment, the specimens were heated using electric heating, a
heating rate of 300°C/minute to reach 900°C and a holding time of 2 minutes was
used at 900°C.

Figure 2.9: Set up used for the room temperature compression testing.
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Chapter 3

Microstructures and Mechanical Properties of
UFG Ti-47AI1-2Cr (at %) Alloy Produced Using
Mechanical Milling and Hot Isostatic Pressing.

3.1 Introduction

TiAl based alloys with UFG microstructures and good mechanical properties can
be produced using a combination of high energy mechanical milling of powders
and subsequent thermomechanical consolidation of these powders. The
microstructures and phase distribution of the consolidated bulk materials were
found to be dependent on initial powder condition of the powders used.
Achieving a homogeneous microstructure with UFG structure is desirable to
improve the mechanical properties, which is a great challenge, especially while
using elemental powders as starting materials. This chapter describes and
discusses the results of a study on the production of Ti-47-Al-2Cr (at %) alloy
using a combination of mechanical milling and hot isostatic pressing (HIP), and
elemental powders as starting material. The effect of processing conditions on the
microstructures of the alloy and the mechanical behaviour of the alloy, both in

tension and compression, at room and elevated temperatures has been studied.

3.2 Experimental Details

Elemental powders of Ti, Al, Cr were mixed to make up a composition of Ti-
47Al-2Cr (at%), the powders were initially mixed for 6 hrs and the powder
mixture was subsequently milled for 12 hrs in dry condition to produce a Ti/Al/Cr
composite powder. The mixing and milling operations were done using Retsch
planetary mill. The composite powder produced was cold pressed and cold
isostatically pressed (ClPed) to produce a green compact of 40 mm in height and
34 mm in diameter. The CIPed compacts were canned using 316 stainless steel
tubes, and the cans were degassed at 300°C for one hour. HIP was performed at

1000°C for a duration of 2 hrs. Tensile testing specimens of 16 mm gauge length,
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with a cross sectional area of 2x1 mm? were cut using electro discharge wire
cutting machine (EDM), while cylindrical compression test samples with 6 mm
diameter and 10.5 mm height were cut using spark electrode cutting. Tensile
testing was done at room temperature with a strain rate of 6x10°/sec and at
800 °C, 900 °C and 1000°C respectively with a strain rate of 1x 10™ /sec.
Compression testing was done at room temperature, with a strain rate of
approximately 8 x 10° /sec and 1.16 x 10™*/sec at 900°C.

3.3 Microstructure and Thermal Behaviour of the
Ball milled Powders

The XRD patterns of mixed and milled powders (Figure.3.1) showed only the Ti
and Al peaks and no evidence of the formation of intermetallics during milling for
up to 12 hours. With increasing milling time, the XRD peak intensities of both Ti,
Al phases decreased, and the Al peaks became small after 12 hrs of milling. The
XRD peaks of Ti and Al phases also became clearly more broadened with

increasing milling time, indicating the grain sizes of both phases decreased

significantly.
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Figure 3.1: XRD patterns of the O hr, 6 hr and 12 hr milled powders

The average grain sizes of the Ti and Al phases were estimated using the Scherrer
equation t = 0.9)/ Bcosf [1], where t the diameter of the crystal, A the wave length
of the CuK, radiation, B the broadening of diffraction line measured at half its

maximum intensity and ‘0’ the angle of the diffraction peak. The grain sizes,
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calculated using the above equation were found to be approximately 42 nm for Ti,
35 nm for Al after 6hrs and 28 and 22nm after 12hrs of milling respectively. The
cross sectional morphology of the mixed and milled powder particles as a function
of milling time is shown in Figure. 3.2.

Al

Ti

&
|

Figure 3.2: SEM back scattered electron images of the cross sections of the
powder particles in (a) mixed powder; (b) 6 hours milled powder; and (c) 12 hours
milled powder.
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Ti and Al powder particles remained spherical after mixing for 6 hrs (Figure 3.2
(@)). The size and shapes of the powder particles changed after 6 hrs of milling, Al
and Ti phases were incorporated into each of the powder particles (Figure 3.2 (b)).
Further milling of the powder to 12 hrs led to a decrease in the sizes of the powder
particles as shown in the Figure 3.2 (c). The effect of milling time on the

composite particle structure has been explained below.

After 6 hrs of milling the powder particles consisted of two types of powder
particles: (a) Layered composite Ti/Al/Cr composite; (b) Ti rich powder particles
(Figure 3.3 (a) & (b)). Although the Ti rich powder particles were observed, the
percentage of the layered composite particles was found to be slightly more after

6 hr of milling.
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Figure 3.3: Cross section of 6hrs milled powder particle (a) layered Ti/Al/Cr
composite powder particles; (b) Ti rich powder particles.

As the milling time increased to 12 hrs, the structure of the powder particles has
changed considerably. The powder particles consisted of three types: (i) Layered
composite Ti/Al/Cr composite; (ii) Composite powder particles in which no
layered structure was observed; and (iii) Ti rich powder particles. The powder
particles are shown in the Figure 3.4. It was observed that the increase in milling
time to 12 hrs has resulted in the disappearance of the layered composite structure
in most of the particles leading to the composite powder particles without layered
structure. The sticking was found to be pronounced, after 12 hrs milling as
compared to that after 6 hrs milling. After 12 hrs of milling a negligible amount of

loose powder was observed.
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Figure 3.4: Cross section of 12hrs milled powder particle (a) & (b) layered
Ti/Al/Cr composite powder particles; (c) composite powder particle without
layered structure; and (d) Ti rich powder particle.

Further milling of the powders has not been done, due to the considerable amount
of sticking which was observed after 12 hrs of milling. Although PCA was used,
sticking of the powders was observed even after 6 hrs of milling, but the effect
was much pronounced after 12 hrs of milling, in which a negligible amount of
loose powder was found. The oxygen content in the samples was found to
increase with milling time, being 0.3% after 0 hr milling and reaching 0.7% after
12 hrs milling. The increase in the oxygen content after different milling times is
due to the particle size effect. Since the smaller the particle size, the larger is the
surface area of the powder particle available for picking up oxygen during
passivation of the milled powders. This resulted in higher oxygen content in the

powders after 12 hrs milling.

The particle size distribution as a function of milling time (Figure 3.5) showed
that the particle mean diameter D (V, 0.5) was 64.9 um, 45.3 and 26.7 um after 0,
6, 12 hrs of milling, respectively. The fraction of the particles above 75 um also
decreased drastically after 12hrs of mixing, which is in accordance with the
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microstructural study of the powder particles, using SEM. Since a negligible
amount of free powder was observed after 12 hrs milling the particle size
distribution include the powder produced by wet milling of the material stuck on

the wall of the milling vial.
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Figure 3.5: Particle size distribution of 0, 6 and 12 hrs milled powders.

The mechanical milling of the powders had a significant effect on the thermal
behaviour of the powders as shown in the Figure 3.6. The DTA traces of the
mixed powders showed an endothermic peak at approximately 660°C, which is
due to aluminium melting, and an exothermic peak at 810°C resulting from the
reaction between molten Al and Ti, which causes the formation of TiAl;. While
the DTA traces of the 6 hrs and 12 hrs milled powders showed no sharp peak. The
solid state reaction occurred in the milled samples at much lower temperature,
when compared to the unmilled samples. A broad peak in the temperature range
of 300 — 650 °C was observed, but no endothermic peaks corresponding to the
melting of Al (Figure 3.6), was shown. This confirmed that the Al was completely
consumed by the reactions that occur during mechanical milling and heating. The
large peak gave indication that a few exothermic reactions were occurring in that
particular temperature range and was expected to be due to two reasons: (a)
relaxation of stress due to strain hardening during milling; (b) solid state reaction

between Al and Ti. The strain hardening in the as mixed powder was not expected
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due to the low speed rotation (100rpm) used, resulting in the absence of high
energy mechanical impacts. On the other hand the high energy mechanical milling
for a duration of 6hr and 12hrs is expected to induce strain hardening in the
sample, indicating that the broad peak is likely due to combination of solid sate

reactions and the relaxation of the stresses caused by mechanical milling.
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Figure 3.6: DTA curves of the 0, 6 and 12 hrs of milled powders (dotted lines are
the DTA traces of the samples after the second run)

Although the reaction kinetics for the formation of TiAl during thermal treatment
has been studied by a few researchers, the mechanism of the formation is still not
clear. A few studies have demonstrated that the phase transition into the
intermetallic TiAl phase proceeds through the formation of the disordered
structure during milling, in which the reaction temperature depends on the Ti and
Al grain size and the composite structure after milling [2, 3]. In the present case,
the decrease in reaction temperature after mechanical milling can be attributed to
the significantly refined AI/Ti composite structure obtained after milling. The
reaction to form intermetallic phases was found to be complete, since no peaks
were observed in the DTA traces of the samples after the second run, which are
shown by the dotted lines in Figure 3.6. Since the formation and the refinement of
composite structure during milling is essential to reduce the diffusion distance for

the post milling reactions between Ti and Al, the finer structures are more
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Intensity (AU)

favourable for the reactions and diffusion during sintering [4]. In the present case
the presence of Ti rich powder particles in the 12 hrs milled powder, which was
used for consolidation, was found to affect the diffusion mechanism. The XRD
patterns of the powders produced after DTA analysis of the unmilled powder
(Figure 3.7) showed Ti, TiAl;z and TiAl phases, but not TisAl phase. The DTA
analysis along with XRD results before and after DTA further confirmed that
mechanical alloying did not occur during milling. The formation of composite
structure after milling is found to be favourable to promote the formation of TizAl
phase instead of TiAl; phase. TiAl; phase is not acceptable in the final
microstructure, because of its detrimental effect on the mechanical properties of
TiAl based alloys.
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Figure 3.7: XRD of the 0, 6, 12 hrs milled powders heated to 1000°C in DTA.

The microhardness of the Ti and Al phases in the mixed and milled powders were
compared. The hardness values of the Ti and Al particles in the as mixed powders
were 230 HV and 160 HV respectively. The microhardness increased as the
milling time increased to 6 hrs, and was found to be in the range of 240 — 350 HV.
This is attributed to the strain hardening caused by mechanical milling. Although
some of the particles in the 12 hrs milled powder were rich in Ti phase, the
hardness for most of the particles was found to be between 300-330 HV. This was

mainly due to the increase in the fraction of the Ti/Al/Cr composite particles. The
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hardness of the milled powder particles plays an important role in the
consolidation characteristics of the material. The lower the hardness, the better are
the consolidation characteristics of the material. The fairly low hardness values of
the particles in the 12 hrs milled powder indicated that the powders were having
good consolidation characteristics. A green density of 60% after cold pressing and
72% after cold isostatic pressing were achieved in powder compacting.

3. 4 Microstructural Characterization of as-HIPed
Sample

The shapes of the can before and after HIP are shown in Figure 3.8. A 20%
volume shrinkage of the can was noticed, indicting that the HIP was successful.
After HIP, the can was chipped off easily, indicating no reaction between the
stainless steel can material and the consolidated sample inside the can. The XRD
pattern of the HIPed sample (Figure 3.9) showed vy, a, and Ti peaks. The XRD
peaks were fairly broad indicating that the grains were at the ultrafine grained

level.

The optical microscopy image of the microstructure (Figure 3.10) shows white,
grey and dark regions which are Ti rich a, phase and the black background is y
phase. This assumption was made by measuring microhardness at different
regions of the sample. The micro hardness of most white and grey regions was
found to be between 780-820 HV, which was higher than that of dark regions,
which had values ranging from 580-615 HV. A few grey regions were found to
have same hardness values as that of dark regions. Although it was difficult to
determine the fractions of different phases by this method, a preliminary
understanding of the phases with different hardness values was obtained. While
the macrohardness of the sample was found to be ~ 42 Rc, which is quite low,
confirming the presence of porosity in the sample. The HIPed material was found

to have a density of ~ 95%.
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Figure 3.8: Images of the can; (a) before; and (b) & (c) after HIP
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Figure 3.9: XRD of the as-HIPed bulk material (HIPed for 2hrs at 1000°C).
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50.00 um

Figure 3.10: Optical micrograph of the etched surface of the as-HIPed sample

The SEM back scattered electron examination of the microstructure of the as-

HIPed sample showed the presence of Ti rich regions and pores (Figure 3.11).

Pores

Ti rich
regions

20.0kV 11.4mm x250 YAGBSE

Figure 3.11: SEM Back scattered electron image of the as-HIPed sample showing

the distribution of Ti rich regions and the pores.

The preliminary TEM examination of the microstructure of the as-HIPed sample
have confirmed UFG microstructure of the alloy. Figure 3.12 shows a bright field
TEM image of the specimen after room temperature compression test, which
revealed that the sample had an UFG microstructure, with equiaxed grains, with
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grain sizes in the range of 200 — 600 nm, a very small fraction of the grains were
large being ~1 pm in diameter. Although trials have been done to produce TEM
specimens from the as HIPed sample, using jet polishing technique, the quality of
the TEM specimens produced was not sufficiently good. However, since room
temperature compression testing is unlikely to cause any microstructural change,
the microstructure shown in Figure 3.12 represents the microstructure of as-HIPed

sample.

Figure 3.12: Bright field TEM image showing microstructure of the specimen
after compression test at room temperature.

3.5 Mechanical Properties

3.5.1 Tensile properties

Room temperature (RT) tensile testing showed fracture strength of approximately
100 MPa, with no sign of yielding (Figure 3.13(a)). The tensile tests were also
conducted at 800°C, 900°C and 1000°C. At 800°C the samples showed true
strains between 0.38 to 0.43, with yield strengths between 84 - 90 MPa. Almost
steady state flow was observed with negligible strain hardening at this
temperature, Figure 3.13(b). While at 900°C, the sample started yielding at a

considerably low stress, in the range of 55-58 MPa. The elongation to fracture
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was in the range of 70-80%, indicating a true strain between 0.55-0.58. Slight
work hardening was observed at this temperature (Figure 3.13 (c)). The samples

tested at 1000°C, were heavily oxidised, and thus the elongation to fracture of the

samples was only in the range of 0-12%, (Figure 3.13 (d)).
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Figure 3.13: True stress true strain curves of the specimens tested at (a) room
temperature (b) 800°C (c) 900° C (d) 1000°C.

As the oxidation resistance of the TiAl alloys is very poor at high
temperatures (>800°C) [5,6], the mechanical properties are affected adversely in
most of the cases, particularly the TiAl alloys without Nb additions were found to
be more prone to oxidation [7]. In the present study the tensile properties of the
Ti-47Al-2Cr alloy tested at 1000°C, was found to be affected by oxidation,

resulting in poor mechanical properties. The samples after tensile testing at
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different temperatures are shown in Figure 3.14 (a)-(c) and the tensile mechanical
properties at different temperatures are presented in Table 3.1.

Figure 3.14: (a), (b) & (c) Specimens after tensile testing at different
temperatures. (UT untested, RT room temperature tested)

Table 3.1: Tensile mechanical properties of the Ti-47Al-2Cr (at %) alloy tested at
different temperatures

Property Room 800°C 900°C | 1000°C
temperature
Yield Strength - 84-90 (MPa) 55-58 22MPa
(MPa) (MPa)
True strain 0 0.38-0.43 0.55-0.58 0-0.1
True fracture 65- 68
Stress (MPa) ~100MPa | 87-93(MPa) | (MPa) 22- 32(MPa)

After tensile testing, the microstructure and the fracture surfaces of the tested
specimens were examined to gain some understanding on how the material
deforms and fractures. In the case of room temperature tensile tested specimens,
the microstructure resembled the as-HIPped microstructure (Figure 3.15(a)). The
morphology of the grains did not change and no noticeable amount of deformation
was observed. It was observed that the fracture mode of the samples tested at
room temperature was quasi cleavage type, which is more brittle in nature. The
dark spots are pores (“A” in Figure 3.15(b)), which mainly acted as crack
initiation and propagation points, and the dark regions (“B” in Figure 3.15(b)) are
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likely the patches of original particle surfaces which were not atomically bonded
to the neighbouring particles. It is expected that the easy separation of the powder
particles associated with the lack of atomic bonding also assists formation of the

pores under tensile stress which in turn accelerates crack propagation.

Figure 3.15: (a) Microstructure of the longitudinal section of the tensile tested
sample; and (b) Fractured surface after room temperature tensile testing (arrows
indicate tensile test direction)

In contrast, for the samples tested at 800 and 900°C, the longitudinal section
showed that the grains and pores were elongated, indicating they were heavily
sheared during tensile testing (Figure 3.16(a) & 3.17(a)). For the samples tested at
900°C the elongated grains were aligned at 45° to the tensile axis. The resolved
shear stress is expected to be at its maximum at 45°. The fracture surfaces of the
samples tested both at 800°C and 900 °C (Figures 3.16(b) & 3.17(b)) showed a
fibrous type of fracture, which is ductile in nature. The sizes of the pores slightly
increased with increasing testing temperature from 800 to 900°C. This is expected
due to the coalescence of the residual pores, and also thermally induced porosity

cannot be ruled out.
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Figure 3.16: (a) microstructure of the etched longitudinal section of the tensile
tested sample at 800°C; and (b) fractured surface after tensile testing at 800°C
(arrows indicate tensile test direction)

Figure 3.17: (a) microstructure of the longitudinal section of the sample tensile
tested at 900°C; (b) fractured surface after tensile iesting at 900°C (arrows indicate
tensile test direction)

The low room temperature tensile strength is probably due to the following factors.
Firstly the geometry of the tensile sample, which is originally designed for high
temperature testing, may have caused some stress concentration and thus
premature fracture. This is evidenced by the fracture site of all room temperature
test samples fractured at the edge of the grip, as indicated by the arrow in Figure
3.18 (a), but the high temperature tensile tested samples fractured inside the gauge
length as shown in Figure 3.18 (b). The corner at the locations where the width of
the sample changes acted as a notch which introduces a triaxial state of stress.
Secondly the high porosity level present in the samples obviously decreased the
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tensile strength. Thirdly, the low level of atomic bonding between particles in the
sample assists the formation of cavities for crack propagation.

On the other hand, the low elevated temperature tensile strength of the alloy
likely resulted from the high porosity level and low level of atomic bonding
between powder particles, but not from the geometry of the tensile sample.
Although the geometry of the sample was not expected to affect elevated
temperature tensile strength, but it is expected to slightly affect the ductility at
elevated temperatures. This paved the way to modify the tensile sample profile,
having a sharp corner to a curvy corner. The modified design of the tensile

samples have been used in the experiments presented in Chapters 4 and 5.
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Figure 3.18: (a) Profile of the tensile tested samples; and (b) Fractured sites after
tensile testing

3.5.2 Compressive mechanical properties

The RT compression testing of the specimens cut from the HIPed sample showed
that the sample had a compressive strength of around 1580 MPa, with vyield
strength of 1410 MPa and a plastic strain to fracture of around 1%. The true
compressive stress strain curves are shown in the Figure 3.19(a). During
compression testing the specimens were broken into multiple pieces, with a loud
sound. The high compressive strength observed in the samples is mainly due to
the UFG structure of the material. The samples before and after compression
testing are shown in the Figures 3.19 (b) & (c). At 900°C the behaviour of the
sample changed totally, showing an decrease in true compressive yield strength to
around 33 MPa (Figure 3.20(a)). The samples were easily deformed to a true

strain of ~ 0.7 without fracturing (Figure 3.20 (b)).
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Figure 3.19: (a) compressive true stress true strain curves of the specimens tested
at room temperature; (b) image of the sample before room temperature

compression testing; and (c) fractured pieces after room temperature compression
testing.
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Figure 3.20: (a) compressive true stress true strain curves of the specimens tested

at 900°C; and (b) image of the specimens before and after compression testing at
900°C.

A slight strain hardening was observed during the compression testing, and no
cracking was observed in the samples after 50% height reduction, as shown in the
Figures 3.21(a) & (b).
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(b)

Figure 3.21: (a) & (b) images of the specimens after compression testing at 900°C.

The microstructures of the cross sections of the samples after compression testing
at room temperature resembled that of as-HIPed material (Figure 3.22(a)).
However, a few regions have shown a tendency to elongate more as compared to
other regions, indicating localized deformation. A mixture of elongated and
equiaxed regions indicated that the material had certain phase regions, that
underwent plastic deformation. After elevated temperature compression testing,
the phases were found to be elongated in a direction normal to the compressive
axis (Figure 3.22(b)). The shape and morphology of pores changed after
compression testing. The pores were found to coalesce after room temperature
compression testing, which played an important role in the fracture of the
specimens, while at elevated temperatures, the size of the pores decreased, this
behaviour is explained in section 3.5.3.
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Figure 3.22: Images of the etched cross sections of the specimens after
compression testing at (a) Room temperature and (b) 900°C (arrows indicate
direction of the compressive force)

As discussed above, the RT compression test, resulted in fracture of the samples
into multiple pieces, with a little bit of plastic deformation. The fracture in the
present case is depicted to originate from the microcracks in the specimen and
then propagate resulting in specimen fracture. This is due to the microcracks
which nucleate at pores, weak interparticle bonding sites and other defects, Figure
3.23, shows a crack running from inside to the outer surface. The cracks were
found to propagate parallel to the compressive axis with applied load increasing.
Some cracks were expected to propagate to the main crack or propagate and
connect with each other and finally induce the specimen fracture. The multiple

fracture paths observed, indicating that a lot of cracks were created prior to the
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fracture. The fracture surface examination of the samples in some areas revealed
river markings indicating a cleavage type of fracture (Figure 3.24(a)) and in some
regions revealed a quasi cleavage type of fracture (Figure 3.24 (b)). Also a few
regions revealed a fibrous type of fracture (Figure 3.24(c)), indicaing that in some

regions plastic deformation recurred at microscopic scale.

At low temperatures the UFG based materials are characterized by high values of
hardness and compressive yield strength, which can be explained by the classical
Hall-petch equation and ultrafine grains. As the grain size decreases, the
dislocation gliding and twinning as the prevailing deformation mechanisms are
hampered by the fine meshed grain boundaries, present in the UFG alloys. At
elevated temperatures, the behaviour has changed completely, the smaller the
grain size of the specimen, the more and sharper the drop in the yield strength
upon raising the temperature [8]. The decrease in the yield strength at elevated
temperature has indicated favourable conditions for hot working of these materials

in compression.

R |
S8

Figure 3.23: Fractured surfaces of the samples after compression testing showing
crack propagation (arrows indicate the compressive direction).
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Figure 3.24: Fractured surfaces of the samples after compression testing:
(a) quasi cleavage type of fracture; and (b) regions showing ductile behaviour; (c)
ductile region.
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3.5.3 Effect of porosity on the mechanical behaviour

The microstructures of the samples after deformation in compression and tension
are compared with that of as-HIPed microstructure (Figure 3.25(a)). In the
samples which are tested in tension at room temperature Figure 3.25(b), the pores
size and distribution did not change when compared to as-HIPed microstructure,
but the morphology changed after the RT compression testing (Figure 3.25(c)).
Pores size has increased, which is expected due to the coalescence of the initial
residual pores. Also a few cracks were developed due to the large amount of
compressive load applied during the deformation, since a very small flaw inside

the material is sufficient to fracture the material having high yield strength.

So the initial residual pores acted as crack initiation points, resulting in a
premature failure in room temperature compression testing. After the yield point,
the samples have deformed until the cracks have reached a critical size, after
which macroscopic fracture was observed. This can be explained by the
observation of an increase in the size and distribution of the cracks, in the sample
which was subjected to a compression upto the maximum load which does not

cause fracture.

After tensile testing at 900 °C the shape of the pores remained irregular, but the
size was found to be slightly increased (Figure 3.25(d)) and to be aligned 45° to
the tensile force direction. After elevated temperature compression testing almost
all the pores were closed, and the shape of remaining pores changed to spherical.
This indicated that the shape of the pores changed from an initial irregular shape
to a combination of irregular and elliptical shape after RT compression, and
finally to a spherical shape after compression testing at 900°C (Figure 3.25(e)).
This indicated that pores in compressive deformation tend to take spherical shape.

In tensile testing the shape of the pores remained irregular after room temperature
and high temperature tensile testing, but the sizes of the pores tend to increase
slightly after tensile testing at 900°C, which is expected due to the coalescence of

residual pores.
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Figure 3.25: Back scattered secondary electron images of (a) as-HIPed; (b)
longitudinal section of room temperature tensile tested; (c) cross section of room
temperature compression tested sample; (d) longitudinal section of tensile tested
sample at 900°C; (e) cross section of compression tested sample at 900°C.

3.6 Discussion

3.6.1 Effect of Powder Preparation on Consolidation Characteristics

The high energy ball milling of elemental powders resulted in fine layers of Ti/
Al/ Cr composite structure after 12 hrs of milling. The powder particles showed Ti

layers embedded in a matrix of Al, and no evidence of the formation of
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intermetallics, indicating that mechanical alloying has not occurred during milling.
Despite the slight increase in hardness with milling time, due to the strain
hardening occurring during milling, the powder particles were found to be having
good consolidation characteristics. The overall microstructure of the powder was
found to be homogeneous, with an average particle size of around 26.7 um.
Although a homogeneous microstructure was obtained after milling, the oxygen
content in the samples increased with milling time. The main source of oxygen
was found to be from the milled powders, due to the large surface area of the
milled powder particles, finally resulting in a bulk material with high oxygen

content.

As for reducing the oxygen content in the consolidated samples, a high degassing
temperature should be used, since the degassing temperature, used in the present
case is not sufficiently high. In the meantime, it is also necessary to transfer the
milled powders directly into the powder compacting and canning steps without
exposing them to air. The porosity in the bulk consolidated material was found
mainly due to the insufficient time, used during HIP consolidation. On the other
hand, the low interparticle bonding is expected to be from the mechanical milling
process since it is evident from ref [9], that mechanical alloying increases
contamination of the powders, resulting in oxides on the surfaces of powder

particles and thus low interparticle bonding after consolidation using HIP.

3.6.2 Effect of phase composition

The microstructure of the as-HIPed sample consisted of Ti rich islands distributed
inhomogeneously, and a few of the Ti rich regions were found to be a mixture of
TisAl and Ti, indicating that the diffusion is not complete. The presence of TisAl
in these alloys is expected from the phase diagram, a higher percentage of the
phase affects the ductility in an adverse way. Although a small fraction of TizAl
phase is expected to absorb interstitials, and improves the ductility of the alloy. A
few investigations also reported that the TisAl phase with high amount of

interstitials makes the alloy brittle [10].
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According to suggested by Chan and Kim [11], the maximum ductility of TiAl
based alloys, is obtained when the TizAl phase content is between 10 — 15%. The
XRD and SEM studies indicated that the TizAl phase content in the TiAl alloy
prepared from the present study was slightly higher than this range.

3.6.3 Comparison between mechanical properties in tension and
compression

At room temperature the compression tested samples showed a very high yield
strength of around 1410 MPa and a compression strength of about 1580 MPa with
an overall plastic strain of 1% after compression testing. The sample shattered
into multiple pieces. The samples tested in tension showed a very low fracture
strength of 100 MPa, and no ductility. The low room temperature tensile fracture
strength of the samples is likely to be due to the low level of interparticle bonding,
and the high amount of porosity in the samples. The high compression strength of
the alloy was comparable to those reported by Bohn et al [8] and slightly lower to
that reported by Oehring et al [14], which is a typical character of the UFG
materials, but the compressive ductility was much less than the reported value [8].
This is expected mainly due to the high amount of oxygen in the sample, which

was found to be around 0.87%.

The main factor responsible for reducing room temperature compressive strength
is the low level of the interparticle bonding, based on the examination of the
fractured samples from the compression tests, which showed some unbonded
interparticle boundaries and pores. The effect of porosity is less pronounced in
compression as compared to that in tension, since the stress to initiate microcracks
in compression is much higher. The high oxygen content and low interpaticle
bonding of the HIPed sample were found to affect the room temperature ductility
adversely. The behaviour of samples in the present alloy study is likely to be due
to the low interparticle bonding, and the presence of brittle phase regions in the
alloy. Although pores showed a tendency to close up, the above factors affected
the pore closure mechanism adversely. Inspite of all the above reasons, the alloy
has shown a yield strength and fracture strength comparable to that observed from

the literature, because of the UFG microstructure. The residual pores were found
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to affect the strength adversely more severely in tension, than in compression, due
to the different type stress conditions in tension and compression.

The true stress-strain curves of the samples tested at 900°C in compression and
tension respectively, showed a different behaviour. A yield stress of 55 -58 MPa
was found in tension, while 33 MPa vyield stress was found in compression. The
samples tested in tension showed uniform elongation until fracture without
necking. After testing the pores were found to incline towards 45° to the tensile
direction. The pores are expected due to the residual porosity and thermally
induced porosity in the sample at elevated temperatures [13]. Grain boundary
sliding is the dominant mechanism of deformation of UFG TiAl based alloys at
temperatures above 800°C (12, 14), and through this mechanism, the deformation
strain is accommodated by diffusion flow or dislocation glide across the
neighbouring grains to avoid cavitation and therefore premature fracture. In the

present case the sliding strain was better accommodated at 900°C.

While in the sample which was compressed to a true strain of 0.69 at 900°C, the
porosity level in the sample along direction decreases and the TisAl rich regions
become elongated perpendicular to the compression axis. The unreacted Ti
regions were found in the samples even after compression testing at 900°C, which
indicated that it is essential to get an initial homogenised microstructure, since it is
found to be difficult to eliminate unreacted Ti, once it is found in the

microstructure of the as consolidated material.

3.6.4 Grain size and temperature dependence of mechanical
properties

It is a well known fact that the yield stress is strongly dependent on the grain size
and temperature. The effect of grain size on yield stress can be explained with the
Hall-Petch relationship, in which the yield stress is proportional to the 1/7d of
the grain size d. So the UFG alloys based on y TiAl are characterized by high
values of hardness and compressive yield strengths at low temperatures. This is

due to the fact that the fine meshed net of grain boundaries present in UFG alloys
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hamper the dislocation glide and mechanical twinning, leading to an increase in
hardness and strength.

According to Clemens et. al [15] the yield strength of near gamma alloys fullfill a
Hall-Petch relationship, in which 60-70% of the yield stress arises from the long
range interactions of dislocations with the grain boundaries, and the stress part is
assumed to be the same as long as the related microstructure is not significantly
changed. In the present case, although the grains are at UFG level, the above
phenomena are not valid due to the low interparticle bonding and porosity,
resulting in a brittle material. The material may fracture pre-maturely. In this case,

fracture strength is lower than yield strength.

The mechanical properties of the UFG Ti-47Al-2Cr alloy in the present study are
compared with ternary alloys of near gamma composition (Figure 3.26). It can be
seen that the tensile yield strengths of the fine grained alloys are higher at room
temperature than the UFG TiAl based alloy produced in the present study. On the
other hand the yielding at room temperature was observed in compression and the
yield strength was comparable to the literature results (Figure 3.27). Hence it can
be said that the porosity and low level of interparticle bonding have less
significant effect in compression at room temperature, and the UFG Ti-47Al-2Cr
alloy followed Hall- Petch relation. However the presence of defects (pores and
low interparticle bonding) in the present alloy affected the room temperature

compressive ductility adversely.

While at elevated temperatures, the relations changed completely due to the
structural changes occurring at high temperatures, during which the UFG
materials become very soft. The smaller the grain size, the higher the drop in the
yield strength will be upon raising temperature. The ternary Ti-47Al-2Cr (at %)
alloy in the present study showed the same kind of behaviour indicating the
favourable conditions for hot working. The elevated temperature ductility of the
samples is much higher as compared to the samples produced by IM processes [18]
and comparable to that of UFG and fine grained alloys produced using other

powder metallurgy routes [8].
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The yield strength in compression testing, from the present study reduced
drastically to 33 MPa at 900°C, and it was found that at higher temperatures, true
strains of around 0.69 can be easily achieved. The same type of behaviour was
reported by Oehring et. al [14] with Ti-48Al alloy and Tokizane et. al [19] with
Ti-50Al alloy produced using mechanical alloying and consolidation. Even
though slight strain hardenening was observed from compressive deformation in
the present case, which is slightly contradicting the above works, the material

exhibited good formability at elevated temperature.

The yield strength in compression at elevated temperature was found to be much
lower than that of coarse and fine grained materials produced from different
processing routes as shown the Figure 3.27. As far as literature is concerned, the
lowest elevated temperature yield strength was expected to be from the present

work.
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Figure 3.26: Yield strength in tension as a function of grain size and temperature
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Figure 3.27: Yield strength in compression as a function of grain size and
temperature

3.7 Summary

This study has clearly demonstrated, that UFG Ti-47Al-2Cr (at%) can be
synthesized by a combination high energy mechanical milling and HIP. The as-
HIPed bulk material was found to have porosity of approximately 5% with a
slightly non-homogeneous microstructure, consisting of Ti rich regions. The Ti
rich regions consist of elemental Ti phase, embedded in the Ti rich island,
indicating that the diffusion is not complete. The high oxygen content of the as-
HIPed material is due to the high oxygen content of as milled powders and the

low degassing temperature used.

The room temperature mechanical properties of the material, especially in tension
was affected by the low inter particle bonding, and porosity, but in compression
the material showed good strength with some plasticity due to the UFG
microstructure of the alloy. On the other hand the high oxygen content in the

sample is responsible for the low ductility at room temperature both in tension and
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compression. At elevated temperatures, the behaviour of the material has totally
changed, showing good formability both in tension and compression. It was
determined that the best hot working temperature of the alloy from the present
study was 900°C. The yield strength of the material at elevated temperatures, in
compression was very low, as compared to that in tension, indicating that the
material is more easily formable in compressive type of deformation, rather than
in tension. The considerable amount of ductility of the consolidated alloy samples
despite their high porosity level suggests that the formability of the material for
secondary processing is very high, leaving a large space for improvement of the
quality and microstructure of the alloy. It should be noted that the UFG
microstructure of the consolidated samples is the primary reason for the good

ductility and formability of the consolidated alloy.
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Chapter 4

Microstructures and Mechanical Properties of
Ti-47AI1-2Cr (at %) Alloy Produced Using
Powder Compact Forging of a Mechanically
Milled Ti/Al/Cr Powder

4.1 Introduction

Development of innovative techniques to produce gamma TiAl based alloys, with
good mechanical properties, while still maintaining ultra fine grain sizes can be
rewarding, but is also a great challenge. Numerous investigations showed that the
microstructures and mechanical properties of TiAl based alloys are highly
dependent on the processing techniques used in the production of the bulk
material [1]. In this chapter, the direct powder forging of powder compacts to
produce bulk consolidated material has been explained in detail. A Ti-47Al-2Cr
(at %) alloy has been produced by directly forging green powder compacts of a
Ti/Al/Cr composite powder produced by high energy mechanical milling of a
mixture of elemental Ti, Al, Cr powders. Initially the experiments were performed
to produce a bulk consolidated material using direct powder forging followed by
characterization of the sample to get a preliminary understanding of the process.
Further experiments were done to produce bulk material to analyze the
microstructure and mechanical properties of the material in detail. The mechanical
properties in tension and compression and at room and elevated temperatures

were studied respectively.

4.2 Experimental Procedure

Elemental powders of Ti, Al, Cr were put together to make up a composition of
Ti-47AI1-2Cr (at %) composition. The powders mixture was initially mixed for 6
hrs without any interval under high purity argon using a Retsch planetary mill
with spherical stainless steel balls of diameter 12.5 mm. The mixed powders were
subsequently milled for a net time of 12 hrs using the same vial, balls and the mill,

but with a speed of 400 rpm. The milled powders were cold pressed using a die to
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produce green compacts of 25 mm in height, 34 mm in diameter and 40 mm in
height, 34 mm in diameter, respectively. The green compacts were further
densified using cold isostatic pressing (CIP). The CIPed compacts were canned
using 316stainless steel tubes, and the cans were degassed at 300°C for a duration
of 1 hour. Forging was done on the powder compacts heated to 1200°C (Forge-1)
and 1150°C (Forge-2) respectively, using an industrial scale 500 ton crank press,
followed by air cooling (for Forge-1) or oil quenching (forge-2). The oxygen
analysis has been done on the specimens cut from different locations of the Forge-

2 sample.

Tensile test specimens with a gauge length 14 mm were cut from Forge-1 sample.
A strain rate of ~ 6 x 10™/sec was used for room temperature testing. In the case
of Forge-2 sample, tensile testing specimens with a gauge length of 6.5 mm were
cut for room temperature testing and with a gauge length of 8.5 mm for elevated
temperature testing. The specimen cutting was done using a electric discharge
machining (EDM) wire cutter. Strain rates of 1.4 x 10™/sec and 1.88x10™/sec
were used at room temperature and elevated temperature tensile testing at 900°C

respectively.

Compression testing specimens were cut from Forge-2 sample. Specimens of 4
mm in diameter and 7 mm in height were used for room temperature testing. The
room temperature compression testing was done with a strain rate of
~ 1.2 x10™¥/sec. Specimens of 8 mm in diameter and 10 mm in height were used
for elevated temperature compression testing at 900°C. The elevated temperature

compression testing was done with a strain rate of 1.16x 10™/sec.

4.3 Powder Characterization

After 12 hrs of milling the particle size distribution of the powder samples have
shown the same trend for both of the Forge-1 and Forge-2 samples. A mean
particle size of ~ 35 um was observed (Figure 4.1 (a)). After 12 hrs of milling,
sticking of the powder to the wall was pronounced, with negligible amount of

loose powder being left. Also ~ 15% of the particles were found to be above
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75 um. The morphology of the powder particles used for Forge - 2 are shown in
the Figure 4.1 (b). The mechanical milling of elemental powders resulted in three
types of powder particles; (i) Ti/Al/Cr layered composite structured particles; (ii)
particles consisting of a mixture of Ti and Al in which layered structure is not
observed and (iii) Ti rich powder particles, as shown in Figures 4.1 (b) - (f). This
suggested that the composition of powder particles after 12 hrs milling was not

homogeneous.

(@)

Volume (%)

T T
50 100
Particle Size (um)

20.0kV 12.3mm x1.00k YAGBSE

Figure 4.1: (a) Particle size distribution curves of 12 hrs milled powders used for
Forge-1 and Forge-2; and SEM backscattered images of the 12 hrs milled powders
used for powder compact forging of Forge-2 sample; (b) showing morphology of
the powder particles; (c) layered composite particle; (d) composite powder
particle, in which no layered structure was observed, consisting of both Ti and Al,
(e) and () Ti rich particles.
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The same powder particle morphology was observed for the 12 hrs milled powder
used to consolidate Forge-1 sample. The fraction of Ti/Al/Cr composite with no
layered structure was higher as compared to that of layered composite structure
after 12 hrs of milling. The green density of the powder compacts after cold
isostatic pressing was found to reach ~ 67- 69%. The thermal behaviour and
XRD patterns of the 12 hrs milled powders used for consolidation indicated that
the formation of the intermetallic phases, after 12 hrs of milling was not

evidenced, as explained in Chapter 3.

4.4 A Preliminary Study

Initially, experiments were done to produce consolidated bulk material
using direct powder forging to produce Forge-1 sample using two-step
forging. The powder compact was heated to 1200°C, using a heating rate
of 14°C/min. After holding for 10 minutes at 1200°C, the sample was
taken out and forged to achieve an initial height reduction of 39%. A
further height reduction of 27% was achieved in the second pass, which
was done after the forged powder compact was heated back to 1200°C. A
total height reduction of 66% was achieved in two passes. The canned Ti-
47Al-2Cr compact and the sample produced after two step forging are

shown in Figure 4.2.

After forging the can was found to have small cracks on the surface, and a
consolidated sample of approximately ~30 mm in diameter and 6.5 mm in
thickness was produced after removing the can. The surface of the can
was black, indicating heavy oxidation of the samples, and also loose
powder particles were found on the surface. A layer of approximately 1.5
mm in thickness on each side was removed to obtain the actual material.
The density of the bulk alloy was ~ 94.5 in the centre region and the
82.5% at the periphery. The XRD patterns of the bulk consolidated
sample showed Ti, Tiz3Al and TiAl phases (Figure 4.3).
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Figure 4.2: Canned compact (a) and (b) before; (c) and (d) after powder compact
forging
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Figure 4.3: XRD pattern of the as-forged sample produced by two step forging.

The microstructure of the alloy in the centre region and near the edge are shown in
the Figure 4.4, respectively. The level of porosity was higher near the edge as
compared to the central regions of the disk. The alloy consisted of Ti rich regions
distributed randomly in the bulk alloy. The distribution of Ti rich regions in the
bulk alloy is shown in Figure 4.5.
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Figure.4.4: SEM back scattered electron images of the cross sections of the as
forged material; (a) and (b) at the centre; (c) at the edge.
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Figure 4.5: SEM back scattered electron images of the cross section of the as
forged material at the centre, showing the phase distribution. (Arrows indicate
forging direction)
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Figure 4.6: (a) profile of the tensile testing specimens; (b) tensile true stress true
strain curve; (c) tensile tested sample showing fracture at the edge.
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The amount of consolidated material produced in this forging experiment was
only sufficient to cut two tensile testing specimens, which can be seen in Figure
4.6(a). Although RT tensile testing was done on both specimens, the data of only
one sample was usable, because the other specimen fractured outside the gauge
length. The true stress-stain curve of the specimen (Figure 4.6 (b)) revealed
fracture strength of 100 MPa, and no yielding was observed. The fractured site of

the specimen (Figure 4.6 (c)) revealed the brittle nature of the sample.

The preliminary study has revealed that a bulk consolidated material can be
produced by the direct forging of the powder compact. However the surface
quality of the bulk material produced using two-step forging, was not good
enough, because of the high amount of surface oxidation. In order to prevent the
oxidation, one-step forging and quenching in oil was done on another canned

powder compact in the second forging experiment.

4.5 Consolidated sample Produced by One Step
Forging Process

4.5.1 Quality and Microstructure

One step forging of a canned powder compact was done using a crank press
which gives a high strain rate during forging. The sample was reduced from an
initial height of 40 mm to a final height of 12 mm, in one step, resulting in a total
height reduction of ~ 62%. The external appearance of the can before and after
forging and the consolidated material inside the can is shown in the Figures
4.7(a)-(d). The can and the consolidated material had cracks. This was likely due
to the high strain rate imparted during forging and a large amount of deformation
in one pass. After forging, a consolidated bulk alloy disk of 46 mm diameter and
12 mm thickness as shown in Figure 4.7(d) was produced. This was sufficient to

cut samples for mechanical testing and characterization.
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Figure.4.7: Canned compact (a). Before forging (b), (c) after forging and (d) cross
section of the bulk alloy produced after powder compact forging.
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Density measurement at five different locations in the forged sample showed that
the average density in the central region was ~ 95%, and around 84.6% near the
edge, as shown in Figure 4.8. The oxygen content of the sample was measured to
be approximately 1.1% and it varied little from the centre to the periphery as
shown in the Figure 4.9. SEM backscattered electron images (Figures 4.10(a) &
(b)), showed that the central region of the sample had a significantly lower level
of porosity than the region near the edge. This confirmed that the can was not
effective in constricting the material flow properly during forging both in one step
and two step forging methods. This may be due to the relatively low green density

(69%) of the powder compacts.
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Figure.4.8: Distribution of the density, of the as-forged sample
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Figure 4.9: Oxygen variation in the sample from the centre to the periphery
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Figure.4.10: SEM back scattered images of the cross sections of as-forged alloy;
(a) at the centre (b) at the edge

The XRD pattern of the bulk alloy (Figure 4.11), showed TiAl, Ti, Tiz3Al,
phases, and a slight broadening of the XRD peaks of the different phases indicated
that the grains were at ultrafine level. SEM examination combined with EDS
showed that white regions were rich in Ti, and the dark background is TiAl, some
Cr rich regions were also observed (Figure 4.12).
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Figure 4.11: XRD pattern of the as-forged material produced by one-step forging.

The Ti and Cr rich regions are likely due to the compositional inhomogenity of
the particles composition in the initial powder. As shown in Figure 4.1(b), a
fraction of the Ti/Al/Cr composite particles had much higher Ti fraction than that
required for the formation of TiAl through reacting Ti and Al. The short holding
time at 1150°C was not sufficient and to homogenize the composition of the
forged disk. The distribution of the Ti rich regions in the sample varied slightly
from one region to another as shown in Figures 4.13 (a) and 4.13 (b).
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Figure 4.12: SEM back scattered image showing high magnification Ti rich
region and EDS analysis.
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Figure 4.13: (a) and éb) SEM back scattered images showing the distribution of Ti
rich regions from different areas in the as-forged sample.
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Microhardness testing carried on the planar section at different locations showed
that the sample had a high hardness of ~ 520 HV in the central region and a much
lower hardness of ~ 230 HV near the edge of the sample as shown in Figure 4.14.
However some locations of the sample between the centre and the periphery (data
point 2 from the Figure 4.14(c)) were found to have comparable hardness to that
at the centre, which is expected due to the inhomogeneous pores distribution
along the cross section of the sample. The graph was plotted on the basis of
average reading values took from different regions from the centre to the

periphery of the samples.

The microhardness values of the central region of powder forged sample were
comparable to those of the as-HIPed material described in Chapter 3. In addition
to the porosity and the Ti rich regions, the bulk consolidated alloy was also found
to have low level of interparticle atomic bonding. The particle boundaries in the
material were clearly visible Figure 4.15, which was also confirmed by the
fracture analysis of the room temperature tested samples.
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Figtjre 4.14: Microhardness distribution of the sample from the periphery to the
centre.
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Figure 4.15: SEM back scattered electron Image showing interparticle boundaries
in the as-forged bulk alloy.

4.5.2 Mechanical Properties of the as-forged material

4.5.2.1 Specimen cutting

Tensile testing and compression testing specimens were cut from the central
region with a density of ~95%. The locations from which the tensile and
compression specimens were cut and the tensile and compressive testing

directions with respect forging direction are shown in Figures 4.16(a) and 4.16(b).

46mm

(b)

Figure 4.16: (a) Locations of the tensile and compression tested samples cut from
the bulk alloy disk for room temperature and elevated temperature tensile and
compression testings; (b) forging, tensile and compressive force directions.
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4.5.2.2 Tensile Properties

The tensile true stress-strain curves of the specimens tested at room temperature
are shown in Figure 4.17(a). Room temperature tensile test results showed a small
variation in tensile strength, ranging 115 — 132 MPa and no ductility was
observed. All the room temperature tensile tested specimens, fractured at the
location of width change of the specimens as shown in Figure 4.17 (b), indicating

a brittle nature of the samples.
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Figure 4.17: (a) room tempertaure true stress true strain curves of tensile tested
specimens; (b) fractured specimens.

The specimens tested at 900°C showed a yield strength in the range of 70-90 MPa,

an elongation to fracture in the range of 80-165%, and a true strain to fracture in
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the range of 0.6 to 0.96 (Figure 4.18(a)). It appeared that the specimen with lower
yield strength had a larger elongation to fracture. All specimens showed a slight
strain softening, which can be attributed to cavitation. Although the specimens
were tested in flowing argon, after testing their colour turned into pale yellow

indicating that oxidation had occurred during testing (Figure 4.18(b)).
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Figure 4.18: (a) true stress true strain curves of tensile tested samples at 900°C;
(b) fractured specimens after tensile testing at 900°C (arrows indicate fractured
sites).

After room temperature tensile testing the porosity near the fracture end and the
microstructure in the gauge section were similar to the as-forged state (Figures
4.19 (a) and (b)). On the other hand the low magnification images of the fracture

surface indicated quasi cleavage type of fracture (Figures 4.20(a) and (b)). Some
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individual particles can be clearly seen from the fractured surface (Figure 4.21(a)),
Some particles were separated during tensile testing due to low interparticle
bonding. Some regions of the fracture surface showed microscopic dimples
(Figure 4.21(b)). The SEM EDS analysis on these regions indicated that the

regions were mainly TiAl phase. Overall the specimens exhibited a brittle type of

fracture during room temperature tensile testing.
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Figure 4.19: (a) SEM back scattered electron image of the longitudinal section of
the specimen near the fracture end after tensile testing at room temperature,
(b) optical micrograph of etched longitudinal section of the tensile tested sample.
(Arrows indicate the direction of the tensile force).
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Figure 4.20: (a) & (b) fractured surface of the sample after room temperature
tensile testing.
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Specimens tested at 900°C showed cavitation. A large fraction of cavities were
clearly observed in the gauge section of each specimen that was tensile tested at

900°C. The area fraction and the size of the cavities were higher near the fracture

surface, as shown in Figures 4.22(a) and (b).

Figure 4.21: SEM back scattered images of room temperature tensile tested
specimens showing: (a) the individual particles; and (b) a few regions on the
fracture surface showing fibrous nature.

Figure 4.22: Optical micrographs of longitudinal cross sections of specimens
tensile tested at 900°C; (a) within the gauge length and away from the fracture; (b)
near the fracture surface.

After elevated temperature tensile testing, a ductile fracture surface with a large
density of dimples was observed. A number of cavities were observed on the
fracture surface. The fracture strain was expected to be controlled by the number

of cavities and their coalescence. Since fracture occurs at the point where the
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accumulation of cavities is maximum, the holes observed on the fractured surface

(Figures 4.23 (a) and (b)) which formed through cavity coalescence, may act as

the initiation points, for the ductile fracture.

200k 8.6mm x350 SE(M) 100um

Figure 4.23: SEM back scattered images of the fracture surface of a tensile tested
specimen at 900°C; (a) low magnification; and (b) high magnification.

The cavities were found to be aligned at 45° from the tensile force direction

(Figures 4.24(a) and (b)).

20.0kV 17.1mm x130 YAGBSE

Figure 4.24: SEM back scattered images; (a) near the fracture end and; (b) optical
micrograph of etched longitudinal section of tensile tested sample after elevated
temperature tensile testing (900°C). (Arrows indicate tensile test direction)
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4.5.2.3 Mechanical properties in compression

The true stress-true strain curves of the compression testing specimens tested at
room temperature are shown in Figure 4.25(a). At room temperature the
specimens fractured in a brittle manner at the onset of yielding, at a stress of
~ 1400 MPa. The specimens were broken into pieces (Figure 4.25(b)), which was
similar to the room temperature compression behaviour of the HIPed material
shown in (Chapter 3).
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Figure 4.25: (a) true stress true strain curves after compression testing at room
temperature; (b) sample before and after room temperature compression testing.

The true stress-true strain curves of the samples tested at 900°C are shown in the
Figure 4.26(a)). The compression test was stopped when the height of the
specimen was reduced by ~ 50% which was equivalent to a true strain of 0.69
(Figure 4.26(b)). Work hardening during compression of the specimens was
almost negligible. The two specimens tested, showed yield strength of ~65 MPa,

and almost identical plastic flow curves after yielding.
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Figure 4.26: (a) true stress strain curves after compression testigg at 900°C; and
(b?spemmens before and after elevated compression testing (900°C).
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During compression testing at 900°C, the specimens were very deformable, and
there was no sign of cracking in the specimens during the whole process, as
shown in Figure 4.27. The surface groves observed on the specimens were caused
by EDM wire cutting of the original test specimens, and not due to the
compression testing. These results indicated that the variation of the porosity level
and the level of interparticle atomic bonding between specimens has less effect in

compressive deformation than in tensile deformation.

Figure 4.27: Compressed samples after elevated compression testing at 900°C.

In addition, the residual pores in the as-forged state were closed after compressive

deformation which can be seen by comparing Figs. 4.28 (a) and 4.28 (b).
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Figure 4.28: SEM secondary electron images of (a) cross section of as forged
disk; (b) cross section of the sample after compression testing at 900°C (Arrows
indicate direction of forging and the compressive force)
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The microstructure of the specimen after room temperature compression testing
was not studied in the present case, since the specimens fractured without any
yielding. The cross sections of the samples after elevated temperature
compression have shown the same kind of orientation as that of as forged
material, since the forging and compression testing directions are the same, except
that the elongated phase regions were found to be thinner in the compression
tested samples (Figures 4.29(a) and (b)), showing a higher amount of deformation
during compression testing. The fracture analysis of the compression tested
samples showed a cleavage type of fracture (Figure 4.30(a); also a few regions at
high magnifications have shown signs of ductile fracture (Figure 4.30(b) and (c)).
This indicates that at a few locations of the specimen the compressive load is
accommodated in a ductile manner. Although a few ductile regions are found in
the sample, the residual porosity and low interparticle bonding likely control the
deformation process, resulting in a brittle fracture. In addition the high oxygen

content in the present sample reduced the ductility of the sample to zero.

20.0kV 15.2mm x176 YAGBSE

Figure 4.29: (a) optical micrograph of etched cross section showing the flow of
the material after elevated temperature compression testing; (b) SEM back
scattered electron image showing the preferred orientation after elevated
temperature compression testing.

The individual particles which are debonded during compression testing can be
seen from the fracture surfaces (Figure 4.31 (a)). The cracks in the present case
are expected to propagate by the interlinking of microcracks, which nucleate at the
precracks, residual pores, low interparticle sites and other defects. The crack

111



propagation, shown in Figure 4.31 (b), was found to be parallel to the compressive

axis, which is similar to the behaviour described in Chapter 3.

.. >
X - d
'..‘c

”:‘-"{. [Pt S T T T O %
! e . §0.0um

Figure 4.30: Fracture surfaces of compression tested samples tested at room
temperature showing, (a) cleavage type of fracture, (b) and (c) ductile regions.

v}“ o r
A I L
w‘l

-
20,08 15.0mm 499 SE(M,-50)

Figure.4.31: Fracture surfaces of the compression, tested samples tested at room
temperature showing, (a) debonded individual particles, and (b) crack propagation.

4.6 Discussion

4.6.1 Control of the powder forging process

The material production using powder compact forging encountered some
difficulties. It was difficult to maintain homogeneous plastic flow during the
forging process, due to the low density of the green compacts. This resulted in
variation of pressure distribution on the can during forging, which in turn affected
the consolidation characteristics of the material. It has been proven that canning of
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the consolidated material improves the forging process in three ways: (i) forging
of the canned consolidated material improves the efficiency of the forging process
by constricting the material flow, resulting in a uniform distribution of the
material; (ii) a large height reduction can be achieved by using one step
deformation; and (iii) the temperature decrease caused by the heat loss during
forging can be reduced, especially if stainless steel is used as canning material [2].
This indeed confirmed that the important factor which affected the powder
compact forging process is the density of the green compact. It is expected that
the increase in the density of the green compact will result in an uniform material

flow, which in turn assists the deformation process.

So the canning of the powder compact in the present case was not effective in
constricting the material flow, since while using green compacts having low
density, it was found to be difficult to control the material flow homogeneously.
Also the cooling mechanism of the sample after forging was found to have much
effect on the quality of the sample. As in the case of one-step forging (Forge-2),
the surface oxidation in the sample was found to be negligible, as compared to
that of Forge-1 sample, which was expected due to shorter exposure time at
elevated temperature. Although the effect of strain rate was not studied in the
present case, it was found to be essential to control the strain rate to improve the

homogeneous flow during the process.

On the other hand, canning of powder compacts means that decanning after
forging and degassing before forging are needed. These operations can be time
consuming. Therefore instead of canning, use of a controlled atmosphere to
produce bulk material by powder compact forging can be beneficial. While using
canned powder compacts, the one-step forging was expected to be more
promising to produce UFG TiAl alloy, due to the low exposure times at elevated

temperatures, provided that the strain rate is controlled properly.

The microstructure of the forged disk is mainly dependent on the initial condition
of the powder particles. The inhomogenity of the powder particle composition of

the composite powders, used for powder forging accompanied by the short
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processing times during forging, resulted in an incomplete diffusion reaction
between Ti and Al, and incomplete homogenization of the microstructure.

4.6.2 Mechanical Properties

The microstructure of the alloy after powder compact forging was found to have
much effect on the mechanical properties of the alloy. Since the distribution of
the pores varied from the centre to the periphery in the forged pancake [3], the
location from which the tensile and compression testing specimens were cut

(Figure 4.16(a)), played an important role.

4.6.2.1 Room temperature properties

At room temperature, all the tensile tested samples, fractured at the edge, without
yielding, indicating the brittle nature of the samples. The low room temperature
tensile strength and the brittle nature of the samples was believed to be due to the
porosity and lack of very high level of atomic bonding between particles. The
high oxygen content in the alloy also further affected the ductility in an adverse
manner. Although the profile of the tensile samples cut from the forged disk did
not have sharp corners, all the tested samples, still fractured at the locations of
width change. This indicates that no matter which thermomechanical processing
process is used for the production of Ti-47AI-2Cr (at %) alloy, porosity and weak
interparticle bonding affect room temperature mechanical properties of the alloy.
The room temperature tensile strength observed in the powder forged alloy was
found to be far below to that reported in the literature [4 - 8].

In compression at room temperature, the strength of the sample was found to be ~
1400 MPa without any ductility, indicating the brittleness of the samples in
compression at room temperature. According to Oehring et. al [9], the material
with high yield strength may fracture due to very small flaws in the specimen. In
the present case the main reason for fracture was expected to be the weak bonding
between particles. The room temperature compression strength was comparable to
the alloys produced using IM route [10, 11] and PM [12]. The compressive
strength in general was found to increase with decreasing grain size of the alloy.

In the present case, the strength was lower than that reported by Oehring et al. [9].
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Overall the compressive strength at room temperature was found to be dependent
on the grain size. The lower the grain size, the higher the strength is.

4.6.2.2 Elevated temperature properties

With elevated temperature tensile testing at 900°C, a low vyield strength in the
range of 70-90 MPa was observed, with an elongations in the range 80-165%. The
variation in the tensile elongation observed is likely to be due to highly
inhomogeneous microstructure and low level of interparticle bonding in the as-
forged material. The cavitation observed in the tested samples after tensile testing
was similar to a few studies reported from the literature (13, 14), in which the
cavitation was much higher in powder metallurgy (PM) alloys than the ingot
metallurgy alloys (IM), which is expected due to the initial amount of porosity in

the samples along with thermally induced porosity.

The formation of cavities is mainly due to the residual pores present in the as-
forged sample along with possibly thermally induced porosity. Some fractions of
the pores were likely to be due to the lack of full scale atomic bonding between
particles. Although the weak interparticle bonding was present in the present
alloy, the UFG structure of the grains was expected to control the plastic
deformation at high temperatures. The high temperature yield strength in tension
was comparable to that of UFG Ti-47AIl-3Cr alloy produced using PM route [15].
The elevated temperature mechanical behaviour of the alloy was typical to that of
UFG y- TiAl based alloys.

In compression the alloy showed good plasticity without any fracture at true
strain of upto 0.69. The vyield strength of the alloy was comparable to that of
nanostructured TiAl alloys prepared using PM route [9, 11], but was less than the
TiAl alloys with coarse grain structures prepared using IM route [16]. The
microstructure of the specimens after compression testing resembled that of as-
forged material with Ti rich regions being homogeneously distributed, however, a
few places in the compression tested samples were found to have pores, indicating
that 50% compressive deformation was not sufficient to close all the pores. The
presence of Ti rich regions even after the compression test at 900°C indicates that

it is difficult to homogenize the microstructure at this temperature.
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On the other hand pores and low interparticle bonding in the as-forged condition
have a significant effect on the tensile properties than that in compression. The
slightly low compressive yield strength, as compared to the tensile yield strength
was expected to be due to the orientation of the specimens used for tensile and
compression testing, since the testing directions were different with respect to the
forging direction (Figure 4.16(b)). The anisotropy of the properties in different
directions is expected to be possible reason which may cause the discrepancy
between the tensile and compressive yield strengths of the alloy. The effect of
sample orientation on mechanical properties is yet to be proved. On the other hand
the heating rate was not expected to affect the compressive yield strength, since a
faster heating rate was used in compression testing as compared to that of tensile
testing. The compressive yield strength of the as-HIPed material shown in Chapter
3, is lower than that of powder compact forged sample. However the higher aspect
ratio of the compression testing specimens cut from the forged material as

compared to that of as-HIPed material may cause this difference.

While dealing with UFG materials grain growth during elevated temperature
deformation can affect the deformation characteristics of the UFG materials. This
is due to the large amount of stored grain boundary enthalpy of the UFG materials.
The grain size of the material during deformation plays an important role here. In
the present case since the temperature for compression testing (900°C), was much
less than the temperature used during forging, grain growth was not expected to
take place. The deformation induced grain growth cannot be ruled out, but the
negligible strain hardening indicated that the grain growth did not occur during
deformation at 900°C.

4.6.2.3 Formability

The powder compact forging at 1150°C resulted in a bulk solid material with a
high formability despite the fact that titanium aluminides are difficult to form. The
consolidated material in the present case was found to be easily deformed at
900°C, both in tensile and compressive directions. From the literature, IM
processed materials needed multiple processing steps to produce a material having
a good formability. For example a study on Ti-47Al-2Cr-0.2Si alloy by Clemens
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et. al [4] used IM and thermomechanical processing to produce the samples,
which were highly formable at 800°C as shown by elongations to fracture of ~
100%. Similar results were reported by Bhowal et. al [5] on Ti-47Al-2Nb-1Mn-
0.5(W, Mo, Si) processed using IM route, but the elongation to fracture was far
lower. On the other hand the TiAl based alloys processed using PM processing
technique [6, 11, 13, 17] have demonstrated a high elongation to fracture at ~

800°C in the tensile direction indicating good formability.

The initial microstructure and chemical composition in all these cases strongly
affected the formability. It is very difficult to obtain a submicron grain size in the
cast alloys with initial coarse-grained non-homogeneous structures. However, in
the PM TiAl alloy, the UFG structure is easily formed even in large-scale billets
[18]. This can be explained by faster relaxation capability in the alloys with UFG
structure due to more active grain boundary sliding and dislocation-grain
boundary interactions in UFG structure [11, 16, 19]. The formability of the TiAl
based alloys in compression were found to follow the same trend to that observed
in tension. In the case of IM processed alloys the formability temperature was
found to be above 1000°C [2, 16, 20]. The PM processed alloys with an UFG
structure, were found to be easily formable at 600°C and above [9, 11]. In general
deformations above 50% were obtained and the yield strengths were found to be
considerably less than that of IM processed alloys. The deformation mechanisms
acting in UFG TiAl based alloys and their coarse grained counter parts are same,
except the temperature regime at which these mechanisms become active are
lower for UFG TiAl based alloys. This is the main reason for the high formability
of UFG TiAl based alloys. The UFG TiAl based alloy produced by powder
compact forging was found to be deformable at low temperature as compared to
the coarse grained counterparts. From the above, it can be concluded that the UFG
TiAl based alloy produced using powder compact forging was found to have good
formability at 900°C, both in tensile and compressive deformation, indicating
favourable conditions for secondary processing, leaving a large space to improve

the quality of the material.
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4.7 Summary

The present study has demonstrated that powder compact forging can be used to
produce a bulk ultrafine grained Ti-47AIl-2Cr (at %) alloy. It was found that
canning of the powder compacts had little effect on constricting the flow of the
material during forging. Higher density green compacts need to be produced, for
canning to be effective in achieving a homogeneous material flow. The
microstructural study on the powder forged samples confirmed that
inhomogeneous material flow was responsible for the variation in the density and
microhardness of the samples at the central region and the periphery region of the
sample. The powder forged specimens showed a relatively low room temperature
tensile fracture strength of ~125 MPa, partly due to the relatively high level of
porosity and partly due to incomplete interparticle bonding. However at elevated
temperatures the alloy has demonstrated fairly high elongations to fracture in the
range of 80-160%, true strains to fracture of 0.6-0.96, with yield stress in the
range of 70-90 MPa. Cavity formation and coalescence in the samples tensile

tested at 900°C was observed.

In compression tests, the alloy was found to be brittle without any yielding at
room temperature, while at elevated temperatures, the samples were easily
compressed to 50% without any fracture, with a yield stress of ~ 65 MPa. In
tensile testing, strain softening occurred, and this was likely to be due to the
cavitation occurring in the samples, while in compression steady state flow was
observed, which is expected due to the GBS occurring in the sample. From the
present study it can be said that direct powder forging can be used to produce bulk
consolidated material, which is easily formable at elevated temperatures, both in
tensile and compressive deformation, indicating favourable conditions for near net
shaping using forging, rolling and super plastic forming. A good understanding of
the effects of processing parameters can make this process economical and

promising for producing bulk UFG TiAl based alloys.
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Chapter 5

Brittle to Ductile Transition of UFG
Ti-47AI-2Cr (at %) alloy Produced Using
Mechanical Milling and Hot Isostatic Pressing

5.1 Introduction

Gamma TiAl based alloys are important materials with a great potential in
aerospace and automotive applications, due to their low density and high specific
strength. However the major road block to the applications of these materials are
due to their low room temperature ductility and limited workability. Although
numerous investigations have been done by many researchers during past two
decades, the increase in room temperature ductility reported so far was not
sufficient for many applications. Hot working processes at temperatures above the
brittle to ductile transition temperature of these alloys are used to shape TiAl

based alloys.

So the lower is the brittle to ductile transition temperature (BDTT), the lower the
hot forming temperature of these alloys, resulting in lower tooling and production
costs. In this sense, BDTT is an important parameter for TiAl based alloys. In the
present study an attempt has been made to determine BDTT for the Ti-47Al-2Cr
(at%) alloy produced using hot isostatic pressing of mechanically milled powders,

by conducting tensile testing at different temperatures.

5.2 Experimental Details

Elemental powders of Ti, Al, Cr were mixed to make up a composition of Ti-
47Al-2Cr (at %) composition. The powders mixture was initially mixed for 6 hrs
without any interval under high purity argon in a Retsch planetary mill with
spherical stainless steel balls of diameter 12.5 mm, and a rotation speed of the vial
of 100 rpm. The mixed powders were subsequently milled for a net time of 12 hrs

using the same vial, balls and the mill, but with a rotation speed of 400 rpm. The
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milled powders were cold pressed and cold isostatically pressed (ClPed) to
produce green powder compacts of 40 mm in height, 34 mm in diameter. The
ClIPed compacts were canned using 316 stainless steel tubes, and the cans were
degassed at 300°C for a duration of 1 hour. Hot isostatic pressing of the canned
powder compacts was carried out at 1000°C for duration of 3 hrs. Tensile testing
samples with a gauge length of 8.5 mm were cut from the bulk material using a
EDM wire cutting machine. The tensile testing was carried out at room
temperature, and three different elevated temperatures 700 °C, 750 °C and 800 °C.
A strain rate of 1 x 10™/sec was used for tensile testing at room temperature and a
strain rate of 1.88 x 10/sec was used at elevated temperatures.

5.3 Results

5.3.1 Powder Characteristics

The mean particle size of the 12 hrs milled powder was 33 pum as determined
using laser particle size analysis (Figure 5.1(a)). The morphology and

microstructure of the powder particles used for HIP is shown are the Figure 5.1

(b)-(e).

Mechanical milling of the mixture of TiAl and Cr resulted in three types of
powder particles: (i) Ti/Al/Cr layered composite structured particles; (ii)
composite powder particles, consisting of a mixture of Ti and Al, in which layered
structure was not observed and (iii) Ti rich powder particles. This showed that the
composition of the powder particles produced after 12 hrs milling, was not
homogeneous. This was mainly due to the sticking of the powder onto the wall of
the vial. The density of the green powder compacts after cold isostatic pressing
was ~ 70%. Study of the thermal behaviour and phase structure of the 12 hrs
milled powder used for the consolidation experiments in this study confirmed that

mechanical alloying between Ti, Al and Cr did not occured during milling.
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Figure 5.1: (a) particle size distribution curve and; SEM back scattered images of
the 12hrs milled powders used for HIP (b) morphology of the powder particles; (c)
Ti/Al/Cr layered composite particle; (d) composite powder particles in which no
layered structure was observed, consisting of Ti and Al; and (e) Ti rich powder
particle.
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5.3.2 Microstructure of the HIPed samples

The samples before and after hot isostatic pressing are shown in Figure 5.2. A
volume contraction of about 25% was observed after HIP, indicating that the HIP
of powder cans was successful. In the present case, the can material could not be
chipped off easily from material, as a little bit of material was found to be bonded
to the can material (Figure 5.2(e)). After HIP the bulk material had a density of ~
98%. The XRD pattern of the as-HIPed sample showed TiAl, Tis3Al and Ti peaks
(Figure 5.3). The Ti phase in the consolidated sample was due to the
inhomogenity in the powder particles composition, caused by sticking of the
powder to the vial wall observed during milling. The HIPed sample prepared in
this study had a higher density than that of the HIPed sample prepared in the study
presented in Chapter 3. This is due to the longer HIP time in this study (3 hrs in
comparison with 2 hrs).

Figure 5.2: (a) & (c) can before and (b) & (d) after HIP and (e) can material
showing consolidated material bonded to stainless steel.

The optical microscopy image of the etched sample (Figure 5.4) showed white,
grey and dark regions, indicating multiphase structure. The oxygen content of
sample was determined to be 1.15%. The SEM back scattered images (Figure 5.5
(@) and (b)) showed that the level of porosity in the sample was considerably low,
although a few pores were observed in some regions (Figure 5.5(c)). The
macrohardness of the consolidated sample was measured to be ~ 53 Rc. TEM
examination (Figure 5.6) showed the microstructure of the HIPed sample
consisted of equiaxed grains with sizes predominantly ranged between 200 —
500nm.
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Figure 5.4: Optical microscope image of the etched surface of as-HIPed sample.
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Figure 5.5: (a), (b) & (c) SEM back scattered electron images of the as-HIPed
material

Figure 5.6: TEM bright field image of the as-HIPed material and; (b) selected
area diffraction pattern (SADP)
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5.3.3 Mechanical Properties of HIPed samples

The tensile true stress - true strain curves of the specimens tested at room
temperature and 700°C are shown in Figures 5.7 (a) and (b). The samples
tested at room temperature and 700°C showed brittle failure without any
elongation. Most of the samples tested at these temperatures fractured at
both locations of section change. The fractured samples after room
temperature and 700°C tensile testing are shown in Figure 5.8. The
average fracture strength of the specimens was 228 MPa and 220 MPa at

room temperature and 700 °C, respectively.

When the testing temperature increased to 750°C, the sample became
ductile, and was extended by a large amount before fracture (Figure.
5.9(a) and Figure 5.10). A serrated stress strain curve has been obtained at
this temperature. The elongation to fracture of the specimens was between
95 -117%, equivalent to a true strain to fracture of 0.69 to 0.78. When the
specimens were tested at 800°C, they showed a yield strength of 170 —
190 MPa and an elongation to fracture of 71-100%, equivalent to a true
strain of 0.55-0.69 (Figure 5.9(b)). The samples after tensile testing at
750°C and 800°C are shown in Figure 5.10.

(a) —— sample-1 (b)

——sample-2
300 sample-3

250 ——sample-1
——sample-2
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200+

200 o
150 4

160

True Stress (MPa)
True Stress (MPa)

100+
100 o

50 H
a0 4

T T T 0 T T
T T T T
0.o000 0.005 0.010 0.000 0.005 o0.o01n

True Strain True Strain

Figure 5.7: tensile true stress true strain curves of as-HIPed alloy tested at; (a)
room temperature; and (b) 700°C
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Figure 5.9: True stress true strain curves of the samples tested at (a) 750°C; and (b)
800°C.

750°C 750°C 800°C  800°C

Figure 5.10: Specimens tested at 750°C and 800°C, respectively.
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5.3.3.1 Microstructure in the head sections after elevated
temperature tensile testing

TEM examination of the samples tensile tested at 700°C, 750°C and 800°C was
done to observe the microstructure in the head sections just after the tensile testing.
The TEM micrograghs along with corresponding selected area diffraction patterns

are shown in (Figures 5.11 (a)-(f)).

Figure 5.11: TEM bright field images of the head sections of the tensile tested
samples at (a) 700°C; (c) 750°C; (e) 800°C; and (b), (d) and (f) SADP at
corresponding temperatures
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The microstructure of the head sections of the samples tested at different
temperatures was found to be similar to that of as-HIPed microstructure. The
grains remained equiaxed in shape. This shows that the microstructure did not
change significantly during exposure to heat treatments during the tensile tests at
temperatures in the range of 700 — 800°C. However a few large grains were
observed in the microstructures which are expected to be from the original

material and not due to the heat treatment.

5.3.3.2 Microstructure after plastic deformation at elevated
temperature tensile testing
The microstructural evolution in the gauge sections also followed the same trend

(Figure 5.12 (a)-(f)) along with corresponding SADP. From the microstructure of
the samples, tested at 750 and 800°C, the grains were not elongated, indicating
that dynamic recrystalisation (DRX) occurred during deformation. It appeared that
the DRX and the limited grain growth led to a microstructure which characterized
by equiaxed and ultrafine grains during the whole process of tensile deformation
at 750 and 800°C respectively.

According to Clemens et. al [1], DRX leads to a grain size stabilisation, in which
if the initial grain size is smaller than the corresponding grain size in the steady
state one dynamic coarsening will occur, and grain refinement will occur if the
initial grain size is larger than that in the steady state. There is a balance between
grain growth and refinement. In the present study the microstructure in the gauge
sections of the samples tested at 750°C and 800°C, indicated that a considerable

grain growth has not occured.
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Figure 5.12: TEM bright field images of the guage sections of the tensile tested
samples at (a) 700°C; (c) 750°C; (e) 800°C and (b), (d) and (f) SADP at
corresponding temperatures
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5.3.4 Fracture Behaviour of HIPed samples

The fracture at room temperature is a brittle type of fracture, as shown by river
patterns on the fractured surfaces (Figures 5.13 (a) & (b)). The fracture behaviour
was found to be the same for the samples tested at 700°C (Figures 5.13 (c) & (d)).
As the testing temperature increased to 750°C, a fibrous type of fracture was
observed (Figure 5.13 (e) & (f)), and also voids were found on the fracture surface.
The same type of behaviour was observed for the samples tested at 800°C
(Figures 5.13 (g) & (h)). The fracture morphology in the samples tested at 750°C
and 800°C mainly consisted of tearing and micro void related dimpling. The
change of fracture behaviour from quasi cleavage type to fibrous type between
700°C and 750°C temperatures indicating the presence of brittle to ductile

transition in this temperature range.

On the other hand the longitudinal sections of the specimens with in the gauge
length, tensile tested at room temperature are similar to the as-HIPed material,
showing no porosity, the same trend was observed in the samples tested at 700°C
(Figures 5.14 ((a)-(d)). While the evolution of pores in the gauge sections was
observed after tensile testing at 750°C and 800°C, which can be seen from the
Figures 5.14 (e)-(h). The pores in the present case were expected mainly due to
two reasons: (a) accommodation of shear strain; and (b) thermally induced
porosity. Since high plastic elongations were observed in the present case, it is
expected that pores formed at certain locations where shear strain was not
properly accommodated. The other possibility (thermally induced porosity) was
ruled out, since the pores were only observed at 750°C and 800°C and not at
700°C.

For the samples tested at room temperature and 700°C, the microstructure, in the
gauge sections resembled the as-HIPed microstructure indicating no preferred
orientation (Figures 5.15(a) and (d)). On the other hand the second phase particles,
in the gauge sections of the samples tested at 750 °C and 800°C have shown a
tendency to align 45° to the tensile direction. Evolution of most of the pores was
observed at the interface of the white phase (Figures 5.15 (c) and (d)), which are

expected to be in rich in Ti phase. Since Ti is having high affinity to oxygen, it is
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expected to act as an oxygen sink and become brittle. So the formation of pores
was mainly observed at the boundaries of brittle Ti rich phase.
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Figure 5.13: Fracture surfaces of tensile test specimens tested at different
temperatures: (a) & (b) room temperature; (c) & (d) 700°C; (e) & (f) 750°C; and
(9) & (h) 800°C.
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Away from Fracture Surface Near Fracture Surface

Figure 5.14: Optical micrographs of longitudinal sections of specimens with in the
gauge length tested at different temperatures: (a) & (b) room temperature; (¢) & (d)
700°C; (e) & (f) 750°C; (g) & (h) 800°C.
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Figure 5.15: Optical micrographs of etched longitudinal sections of tensile test
specimens within the gauge length tested at different temperatures: (a) room
temperature; (b) 700°C; (c) 750°C; (d) 800°C; (Arrows indicate the direction of
tensile force)

5.4 Discussion

The brittle to ductile transition in TiAl based alloys consists of a general yielding
of the material above a critical temperature, which is generally determined by the
competition between cleavage fracture mechanisms and dislocation activity. The
cooperative mechanism of activated dislocations results in a massive dislocation
activity of the type associated with the BDTT in these alloys. The temperature and
form of such transitions are determined by the effects of strain rate and
temperature on dislocation mobility, the relative orientation of cleavage and
dislocation glide planes and the distribution of dislocation sources. The strain rate

dependence of the BDTT arises from the motion of pre-existing dislocations and
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dislocations which are thermally nucleated below the BDTT by the cooperative

process [2].

In the present case, since the tensile testing was conducted in a temperature
interval of 50°C, a sharp transition was not observed. The drastic change in the
ductility of the alloy between 700°C and 750°C indicated that the brittle to ductile
transition of this alloy occured in this temperature range. However according to
Imayev et al. [3], the brittle to ductile transition is a thermally activated two stage
process, in which the noticeable increase in ductility after the first stage is due to
grain boundary mechanisms of relaxation, in which the brittle fracture is retained.
After the second stage the development of relaxation processes covering the grain
interior along with the grain boundary relaxation leading to a transition from
brittle to ductile one. So in the present case where a direct fracture transition from
brittle to ductile has been observed, the first stage was not observed. This
indicated that the brittle to ductile transition is occurring somewhere between 700
and 750°C. According to Booth et al. [2], the transition happens over a very
narrow temperature range (typically < 10°C).

The BDTT of the UFG Ti-47AIl-2Cr alloy observed in the present case was
slightly higher to PM processed Ti-47.5Al-3Cr alloy with fine grained
microstructure, in which a BDTT was reported to be ~ 700°C [4]. It is comparable
to that of fine grained PM processed Ti-46.5A1-4(Cr,Nb,Ta,B) alloy reported by
Clemens et al. [1]. In their study, a BDTT of ~ 750°C was observed. The study
by Lee et al. [5] on PM processed Ti-46.8Al-1.6Mn alloy demonstrated a much
lower BDTT of ~ 500°C. The much lower BDTT reported by Lee et al. [5] was
found to be due to the high amount of equiaxed grains and a better balance

between the grain size and the brittleness of the o, phase in the TiAl based alloy.

In general TiAl based alloys with ternary additions such as Cr and Mn, BDTT is
observed. This is due to the enhanced dislocation mobility as compared to alloys
without these additions. Since alloying elements such as Cr are not effective in
substitutional solid strengthening, resuting in the enhancement of dislocation
movement. On the other hand the BDTT of the alloy in the present study is lower
than coarse grained TiAl based alloys (BDTT of ~ 800°C) reported by Liu et al.
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[6]. According to their study the TiAl alloys with refined lamellar structures
exhibit a general trend of increasing ductility with increasing temperatures.
However a few alloys studied by them, showed no clear indication of BDTT.
From the above it can be said that the existence of BDTT for the TiAl alloys
depends on alloy composition, grain size and microstructure. Similar observations
have been reported by Kim et al [7] on TiAl based alloys. The BDTT in the
present case is comparable to TiAl based alloys reported by other studies. Also the
high temperature elongations are comparable to that of UFG grained TiAl based
alloys [8, 9, 10, 11]. On the other hand tensile strength of the Ti-47Al-2Cr(at%)
alloy at room temperature was found to be lower than UFG TiAl based alloys
reported from various studies [11, 12 ], while at elevated temperatures the tensile
strength was found to be comparable to that of UFG TiAl based alloys [10,11].

Although high elongations were observed at 750 and 800°C, configuration of the
tensile flow curves were found to be quite different at 750 and 800°C. The curve
corresponding to 750°C shows the formation of oscillations in stress during the
deformation, the flow curve oscillates almost at a constant level as seen from
Figure 5.9 (a). It should be noted that the high temperature ductility of TiAl is
strongly dependent on the deformation processes occurring during the
deformation. Dynamic strain aging (DSA) is a time dependent strengthening or
hardening phenomenon which manifests itself in the form of serrated stress—strain
curves, yield stress plateaus, reduced tensile elongation, and so on. Therefore, the
possibility of the flow oscillations caused by DSA can be excluded due to the
higher elongations observed in the present case. Since DRX is expected to occur
both at 750 and 800°C, the observation of the flow oscillations at 750°C, is mainly
expected due to the cyclic occurance of the DRX. The behavior of cyclic DRX
was observed in the Ni-base super alloy 718 alloy [13], in which flow oscillations
were observed, but the stress strain curve in that study, has shown an elastic
region. However the elastic region in the stress strain curve was not observed in
the present case. In order to confirm this behaviour, more samples have to be
tested at 750°C.
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5.5 Summary

Hot isostatic pressing of mechanically milled powders has resulted in Ti-47Al-
2Cr (at %) alloy with ~ 98% density, the low amount of porosity has resulted in a
TiAl alloy with slightly high fracture strength at room temperature, as compared
to that reported from previous chapters. The alloy was found to be brittle, with no
ductility upto 700°C. The ductility of the alloy increased drastically at 750°C,
indicating that the BDTT occurr between 700 and 750°C. The flow oscillations
observed at 750°C, might be due to cyclic DRX. However more samples needed
to be tested at 750°C to confirm the oscillation behaviour. The cavitation observed
after elevated temperature deformation is likely due to the improper

accommodation of the shear strain.
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Chapter 6

Conclusions and Recommendations

6.1 Conclusions

Mechanical milling of a mixture of elemental Ti, Al, Cr powders
resulted in a powder consisting mainly three types of powder particles; (a)
Ti/Al/Cr layered composite structured particles; (b) particles, consisting of
a mixture of Ti and Al in which layered structure is not observed and (c)
Ti rich powder particles. The inhomogenity in the powder particle
composition after 12 hrs of milling along with high oxygen content of
the powders indicated that the quality of the powders produced in the

present study is not very good.

The bulk alloy samples produced by HIP for 2 hrs (HIP1) at 1000°C had
porosity of approximately ~ 5%, indicating that the HIP time was not
sufficient to close the pores. The microstructure mainly consisted of TiAl
as the major phase and Ti(Al) and TisAl as minors, the unreacted Ti(Al)
phase in the microstructure was mainly due to the initial powder condition,

in which a small fraction of powder particles were rich in Ti.

At room temperature, the HIPed alloy was fairly brittle, and had fracture
strength of ~ 100 MPa. At elevated temperatures they became ductile, as
reflected by considerable amounts of tensile elongations at 800°C and
above. The maximum amount of elongation was found to be between 70 —
80% at 900°C. The tensile yield strength at 800°C was in the range of 84 -
90 MPa and decreased to 55-58 MPa with the testing temperature of the
samples to 900°C. In compression the alloy showed plastic yielding and a
yield strength of ~ 1.4 GPa at room temperature. Compression testing at
900°C revealed that compressive deformation equivalent to a height

reduction of 50% could be easily achievable without cracking.
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Direct powder compact forging using canned powder compacts of the
Ti/Al/Cr composite powder was successfully used to produce bulk
consolidated Ti-47Al-2Cr alloy samples. It has been observed that the
density of the bulk consolidated alloy sample after forging varied from the

centre to the periphery.

Mechanical testing of the powder forged samples showed that the samples
exhibited brittle type of fracture both in tension and compression at room
temperature and the fracture strengths of the samples were in the range of
115 — 130 MPa in tension and 1.38-1.4 GPa in compression without any
yielding. When being tested at 900°C, the samples became very ductile
showing vyield strength in the range of 70-90 MPa and elongation to
fracture between 80-165% in tension, and yield strength of ~ 65 MPa and

50% deformation in compression was easily achievable.

Porosity and weak interparticle bonding in the UFG Ti-47AIl-2Cr alloy

affected the room temperature mechanical properties adversely.

HIP of the mechanically milled powders for duration 3 hrs resulted in a
bulk Ti-47AIl-2Cr material (HIP2) with approximately 98% density. TEM
observations confirmed that the grains are at ultrafine level (200-500 nm)
with equiaxed shape. Tensile testing of the alloy samples at different
temperatures revealed that the brittle to ductile transition temperature of

the alloy was in the range of 700 and 750°C.

Irrespective of the processing technique used to produce the bulk UFG Ti-
47Al1-2Cr alloy, the microstructure of the bulk consolidated material,
consisted of Ti rich regions, which was mainly due to the inhomogenity in

the powder particle composition used for consolidation.

The as-milled powder was found to be the main source of oxygen in the
bulk consolidated material. The large surface area of the milled powder
particles, result in a high amount of oxygen absorption. The degassing

temperature of 300°C used is not sufficient to remove all volatile materials
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absorbed on to the powder particles, and also the entrapped oxygen during

cold pressing.

Porosity in the samples observed after tensile testing at elevated
temperatures was mainly due to coalescence of residual pores and

nucleation and growth of cavities to accommodate the plastic deformation.

The UFG Ti-47Al-2Cr alloy produced using HIP and powder compact
forging has demonstrated good formability at elevated temperatures, and
can be used as a suitable precursor for near-net shaping using
thermomechanical processes such as forging and superplastic forming,

leaving a large space to improve the quality of the material.

6.2 Recommendations for Future work

It is essential to improve the powder production technique by:
(@) controlling the sticking of the powders to the vial material by reducing
the milling speed; (b) to transfer the milled powders directly into the
powder compacting and canning steps without exposing them to air; and (c)
Increasing the degassing temperature to reduce the amount of oxygen and

volatile content in the powder compact.

Powder compact forging of the Ti-47AI-2Cr alloy and other TiAl based
alloy powders in a protective atmosphere without canning the powder
compacts, can be fruitful in producing high quality bulk TiAl based alloy

materials.

Secondary processing of the Ti-47Al-2Cr alloy using forging and rolling is

done to improve the quality of the material.

Tensile testing of the samples between 700°C - 750°C to exactly determine
the BDTT.

TEM studies of the UFG Ti-47Al-2Cr alloy, to get an indepth
understanding of microstructure/processing/property relationship.
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